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ABSTRACT
A COMPUTATIONAL AND EXPERIMENTAL STUDY OF
POLYMER CONFORMATION AND DIFFUSION UNDER CONFINEMENT
James F. Pressly
Karen I. Winey
Over the past several decades the use of polymers in applications such as
microelectronics fabrication and nanocomposite materials has steadily increased. In
these applications polymer chains are often confined to length scales comparable to
their size. While it is well known that these confining environments alter polymer
properties, a generalized understanding of how different confining geometries alter
polymer behavior has not been established. Here we investigate changes to polymer
conformation and diffusion under cylindrical and planar confinement using a com-
bination of computational and experimental techniques. Using molecular dynamics
simulations of polymer melts, we systematically examine changes in the polymer
radius of gyration, shape anisotropy, and entanglement network under geometric
confinement for a range of polymer chain sizes and confinement lengths. We found
that conformational changes in confinedpolymers follow similar trends in cylindrical
and planar confinement, though changes are more pronounced in cylindrical con-
finement. Conversely, measurements of polymer diffusivity show distinctly different
vii
behavior in the two geometries, with diffusivity in planar confinement increasing
continuously with increasing confinement while in cylindrical confinement polymer
diffusion is nonmonotonic, initially increasing then decreasing. The results of these
simulations are compared to experimental measurements of polymer diffusion in
anodic aluminum oxide nanopores over a range of temperatures using elastic recoil
detection (ERD). The ERD measurements indicate slower diffusion in confinement
for all temperatures, with greater changes observed at higher temperatures. These
results differ from the simulation measurements, most likely due to differences
in the starting conditions of the systems (i.e., polymers starting inside the pore
in simulations versus outside the pores in experiments). Finally, we used small
angle neutron scattering (SANS) and dynamical theory analysis (DTA) to investigate
polymer conformation under planar confinement using a unique confining template
that enables measurements of polymer conformation in confined and unconfined
directions simultaneously. While the DTA model could reproduce the scattering
from an empty channel template, the polymer scatteringwas tooweak to isolate from
the overall scattering pattern using the current template design. Single component
templates and contrast matched polymers are necessary to reduce the scattering
contributions from the template and to better isolate polymer scattering.
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Chapter 1
Introduction
1.1 Importance of Understanding Confined Polymer Behavior
Understanding polymer behavior in confinement is critical to variety of indus-
tries and applications, ranging from semiconductor manufacturing1–8 to polymer
nanocomposites.9–14 As these industries continue to advance, the ability to predict
polymer properties in these confining environments becomes increasingly important
and enables shortened development cycles.
In semiconductor manufacturing, increased demand for micro and nanofab-
ricated devices as well as emerging technologies, such as flexible electronics, require
new fabrication methods. Nanoimprint lithography techniques, including roll-to-
roll nanoimprint lithography, are in a position to serve these needs well due to
their high throughput and ability to pattern small feature sizes.1–8 In nanoimprint
lithography, an imprint mold of the pattern to be etched is fabricated and pressed
into polymer resist. The polymer resist then flows into the mold cavities, hardens,
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and the mold is removed, leaving behind the pattern to be etched.1,7 This process
requires polymer to fill features in the mold that can be on the order of 10 nm,
comparable to the size of a polymer chain.4,6,8 To better understand and improve
the nanoimprinting process, it is necessary understand how polymers polymer
properties change in these confining environments.
In polymer nanocomposites, confined regions are created between adjacent
nanoparticles. These confining regions can significantly affect polymer properties,
especially in highly loaded composites, significantly reducing polymer mobility and
altering the chain conformation.9–18 Knowledge of how polymer behavior changes in
confinement is crucial for developingnewnanocomposites for advanced applications.
Understanding confined polymer behavior has far reaching implications across a
variety of industries.
1.2 Types of Polymer Confinement
Polymers are generally considered to be in a confined state when the critical
dimension of their environment (i.e., the film thickness or interparticle spacing) is
on the order of the polymer size. Depending on the polymer sized and the property
being observed, it is possible to observe the effects of confinement on polymer
behavior for critical dimensions as large as 100 nm.19 The strength of confinement,
δ, is typically defined as the ratio of the polymer size to the length of the critical
dimension. For example, in a thin film, δ  2Rg/h where Rg is the polymer radius
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of gyration and h is the film thickness. Greater confinement can be achieved by
increasing the polymer size or decreasing the critical dimension.
The types of polymer confinement can be divided into several categories as
seen in Figure 1.1. The first distinction between confinement types is uniform versus
non-uniform confinement. Uniform confinement refers to a confining environment
where all polymer chains experience the same or similar level of confinement (Fig-
ures (1.1b–e)). This type of environment includes polymers confined to cylindrical
pores and thin films. On the other hand, non-uniform confinement describes
confining environments like those inside polymer nanocomposites, where the
curvature and dispersity of nanoparticles causes the degree of confinement can
vary considerably. Between two nanoparticles a polymer chain can be strongly
confined whereas polymer in a more matrix dense region of the composite expe-
riences weaker or no confinement effects (Figure 1.1a). Diamond-like networks
consisting of intersecting pores are another version of non-uniform confinement,
with the confining environment inside pores differing from the environment in
the junction.20 In these environments the degree and orientation of confinement is
not well controlled making it difficult to measure changes in polymer properties
(especially anisotropic properties) as a function of confinement. Uniform confining
environments make these measurements easier and allow the development of
theories describing confined polymer behavior that can be applied to more complex
and non-uniform confining environments.
3
Figure 1.1. Schematic representations of several confinement types. (a)Non-uniform
confinement in a polymer nanocomposite. (b) Uniform cylindrical confinement. (c)
Uniform, asymmetric confinement in a supported thin film. (d) Uniform, symmetric
confinement in a freestanding thin film and (e) between two rigid parallel plates.
Uniform confinement can further be broken down by the number of confining
dimensions. Polymers can be confined in either one or two dimensions. Thin film,
or planar, confinement describes polymer confined in one dimension, with polymers
only allowed to move within the plane of the film (Figures (1.1c–e)). Cylindrical
confinement refers to a polymer confined in two dimensions, in this geometry
polymer is only free to move along the pore axis (Figure 1.1b).
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Finally, polymer confinement can be classified by the type of confining
interface, rigid or free. With a rigid interface, polymers are confined by hard walls,
while with a free interface there is no hard wall and the interface is between polymer
and air (or vacuum). Rigid confinement is most often used in simulations. For thin
films, this interface classification can be broken down further based on the type of
confinement at each interface. If both interfaces are of the same type (either both
free, as in a freestanding film (Figure 1.1d), or both rigid, as when confined between
two parallel plates (Figure 1.1e)) the confinement can be considered symmetric. If
the interfaces differ from one another (as seen in supported thin films (Figure 1.1c),
with a rigid interface on the bottom and a free interface on top) the confinement can
be considered asymmetric.
Supported polymer films are used for the majority of experimental measure-
ments thin film properties due to their ease of fabrication and the ability to probe the
exposed polymer interface.21–28 However, due to the asymmetric confinement and
different polymer behavior at the distinct interfaces, it can be difficult to interpret
the data and isolate polymer behavior at each interface. Symmetrically confined
polymers reduce the analysis complexity but are typically either more difficult to
fabricate and handle (in the case of freestanding films) or more difficult to probe
due to the buried interfaces (in the case of rigid symmetric confinement).
An advantage to using rigid symmetric confinement is that the polymer
confinement is known and fixed by solid interfaces and analysis is simplified because
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both interfaces are the same. In this thesis, we use uniform, symmetric, rigid
confinement to examine confined polymer properties in thin film and cylindrical
confinement.
1.3 Polymer Conformation
The theories and concepts necessary to understand and predict polymer confor-
mation in bulk polymer melts have been well established for decades. Based on
the theoretical work by Flory and Kuhn, polymers can be modeled as freely jointed
chains, consisting of N Kuhn segments, and that the polymer conformation can be
described as a random walk of these segments.29,30 Therefore, the polymer chain
size follows the equations
〈R2ee〉  b2N (1.1)
〈R2g〉 
b2N
6 (1.2)
where Ree and Rg are the polymer chain end-to-end distance and radius of gyration,
respectively, and b is the length of a Kuhn monomer.30 Due to the isotropic nature
of bulk polymer melts, we know the components of Ree and Rg are, on average,
isotropic as well. These theories have been proven extensively, both experimentally,
and computationally.30
For confined polymers, the theories and concepts describing polymer con-
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formation are not well-established. There are a few theoretical models describing
of how polymer conformation changes in confinement, primarily in thin film ge-
ometries, but these theories have only recently been examined experimentally or
computationally.30–33 For example, Silberberg expanded Flory’s theory of polymer
chain conformation to polymers at interfaces, developing the theory of conforma-
tional transfer which treats the interface as a reflecting boundary for the chain
conformation.31 Under this theory, polymer conformations perpendicular to the
interface decrease relative to bulk while the conformation parallel to the interface
remains bulklike, making the average polymer conformations anisotropic. The
conformation parallel to the interface remains bulklike because the theory treats
polymer chains as an ideal random walk and omits polymer excluded volume.
Cavallo et al. later corrected the theories of Flory and Silberberg to account
for polymer excluded volume and demonstrated that the polymer conformation
parallel to the confining interface should increase in strongly confined systems.34
The principle of conformational transfer developed by Silberberg for polymers near
interfaces was later extended by Sussman et al. to model polymer conformation in
confined environments, including symmetrically-confined thin polymer films where
polymers interact with multiple confining interfaces and cylindrical confinement
where polymers interact with curved surfaces.33 For the extensions to Silberberg’s
theory by Sussman et al., polymer excluded volume was not considered and,
therefore, the model was only applied to polymer conformation in the confined
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dimension, namely perpendicular to the interface. Simulations of flexible polymer
chains under thin film and cylindrical confinement have continually supported the
theories of Silberberg, Sussman et al., and Cavallo et al. regarding confined polymer
conformations.18,32–38
While computational studies have developed a consensus regarding confined
polymer conformations, experimental evidence for changes in polymer conformation
is conflicting. Several attempts have been made to experimentally measure polymer
conformations in thin films using neutron scattering techniques.39–43 However, due
to geometric limitations, only the in-plane polymer conformation can be measured.
Simulations have shown that changes in the in-plane polymer conformation has
are weaker than the change in the out-of-plane dimension,33,34 which has likely
contributed to the conflicting results; some researchers report no change in Rg40,43
while others observe an increase.39,41,42 Small angle neutron scattering (SANS) has
also been used to measure polymer conformation along the axes of cylindrical
nanopores, which shows no change in Rg relative to bulk.44
The disagreement between computational and experimental measurements
of confined polymer conformation, and the lack of conclusive experimental evidence
itself, highlights the limitations of the current understanding of confined polymer
behavior. Polymer conformation and dynamics are intrinsically connected and the
absence of a solid understanding of confined polymer conformations impedes a
thorough understanding of polymer dynamics under confinement.
8
1.4 Polymer Entanglement Networks
The effect of confining environments on polymer entanglement networks is another
important aspect of confined polymer behavior that is necessary to understand
confined polymer dynamics. While many theoretical models exist to describe
polymer entanglement networks,30 the Edwards tubemodel is generally the simplest
and most often used. In the Edwards tube model, neighboring chains apply
topological constraint to the polymer, restricting its motion to a tube-like region
around the primitive path of the polymer chain.30 Monomers are confined to the
tube by a quadratic potential, the minimum of which defines the primitive path.30
The diameter of the confining tube, a, is roughly equal to the end-to-end distance of
an entanglement strand and is described by the equation
a ≈ bN1/2e (1.3)
where Ne is the number of monomers in an entanglement strand.
Experimentally, the tube diameter can be determined by using shear rheome-
try to measure the plateau modulus, Ge , of the polymer melt. The plateau modulus
provides the entanglement molecular weight, Me , from the equation:
Me 
ρRT
Ge
(1.4)
where ρ is the polymermelt density, R is the gas constant, andT is the temperature.30
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The tube diameter varies with polymer type and is typically on the order of several
nanometers (for polystyrene, a ≈ 8.5 nm).30 Additionally, the number of entangle-
ments per chain, Z, can be calculated by dividing the polymer molecular weight
by the entanglement molecular weight (M/Me). The number of entanglements per
chain scales linearly with molecular weight.
In simulations, polymer conformations can be reduced to their primitive
paths to quantify their entanglement properties. The Z145 and CReTA46 algorithms
are two popular methods for calculating primitive paths. The algorithms work
by fixing the polymer chain ends and shortening the chain contour length while
preventing chains from crossing through one another.45,46 The result is a network of
entanglement nodes connected by straight segments (Figure 1.2). From the primitive
path network, Z can be determined using two different methods, S-kink or S-coil.
The S-kink method counts the number of kinks in a primitive path conformation
(each kink represents an entanglement), while the S-coil method calculates the
entanglement length, Ne , using the squared ratio between Ree and the contour length
of the primitive path.47 The S-kink and S-coil methods for calculating Z yield similar
results for well entangled polymers.45 In general, the Z1 and CReTA algorithms
provide quantitatively similar measurements of the entanglement network.33,48,49
However, more recent simulations of confined thin films have shown that the CReTA
algorithm gives more realistic results in very thin films.50
While entanglement networks in bulk polymermelts are well understood, our
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Figure 1.2. Schematic representation of (left) a polymermelt and (right) the resulting
primitive path network.
knowledge of entanglement networks in confinement is limited. Due to the difficult
nature of performing rheological measurements on thin polymer films, the majority
of this knowledge comes from simulations. Sussman et al. performed molecular
dynamics simulations of polymers under rigid cylindrical and planar confinement,
showing a decrease in the number of entanglements per chain as confinement
increases.33 Additional simulations by Sussman of freestanding polymer films
showed that entanglement density decreases near the interface while remaining bulk
like in the center of the film.51 These findings are in agreement with entanglement
measurements of confined polymers in other simulations.52–54
Despite the difficulty, there are a few experimental studies that examine
the effects of confinement on polymer entanglement, either directly or indirectly.
One of the most direct experimental observations of entanglement behavior in
confinement was performed by Si et al., who measured polymer entanglement
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lengths in freestanding thin films using uniaxial tensile tests.55 They examine the
thickness ratio between the shear deformation zone and the undeformed film and
use it to quantify Me by relating it to themaximum extension ratio.55 For polystyrene
molecular weights of 600–1100 kgmol−1 confined to film thicknesses of 30–650 nm,
Si et al. found that Me nearly doubles in the thinnest films, compared to bulk,
corresponding to a significant decrease in entanglement density. In addition, Me
collapses to a single curve when plotted as a function of the ratio of Ree to film
thickness.
Many other experiments of polymer thin films have demonstrated decreased
polymer viscosity with increasing confinement.56–59 Shin et al. also saw a decrease
in viscosity for cylindrically confined polystyrene.44 Viscosity is proportional to
the entanglement density,30 so a decrease in viscosity could be a result of chain
disentanglement, however, the glass transition temperature, Tg , has also been shown
to decrease with increasing confinement19,25,60,61 so it is possible the changes in
viscosity are related to changes in Tg . While the glass transition temperature in
confinement is significantly affected by the type of confining interface,60 simulations
of polymers under freestanding and rigid confinement demonstrate similar changes
in entanglement density,33,50,51 potentially enabling one to decouple changes in
viscosity due to confinement and Tg . Experimental observations of the effect of
confinement on entanglement networks is still a nascent field and one that could
prove valuable in understanding other confined polymer behaviors such as diffusion.
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1.5 Polymer Diffusion
1.5.1 Diffusion in Bulk Polymer Melts
Over the past few decades the polymer physics community has developed a strong
understanding of how polymers diffuse in a melt. In the late 1970’s de Gennes
developed the reptation model to describe the movement of entangled polymers
through a bulk polymer melt.62 In the reptation model, a polymer chain moves
through its confining tube by diffusing small loops along the primitive path, similar
to the motion of a snake.30 The time it takes the chain to diffuse out of the original
confining tube is defined as the reptation time, τrep. By definition, the polymer
moves a distance on the order of its size during the reptation time, so we can define
the reptation diffusion coefficient, Drep, using the following equation:
Drep ≈
R2ee
τrep
≈ kT
ζ
Ne
N2
(1.5)
where ζ is the monomeric friction coefficient and kT is the thermal energy.30 From
Equation 1.5 it is evident that the diffusion coefficient scales with the inverse square
of the molecular weight, D ∼ N−2 ∼ M−2. The reptation model of polymer diffusion
was experimentally verified by the Kramer group at Cornell University using ion
beam analysis techniques.63–67
More recently, meta-analysis of the diffusion coefficients of entangled polymer
melts by Lodge demonstrates that the diffusion coefficient scales as M−2.3, a slightly
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stronger molecular weight dependence than predicted with the reptation model.68
This analysis examined a wide variety of polymers (including polybutadiene (PB),
polystyrene (PS), polydimethylsiloxane (PDMS), and polyethyleneoxide (PEO))
with molecular weights ranging from approximately 3–500 times the entanglement
molecular weight.68 The molecular weight dependence of D is slightly greater in
real systems than predicted by the reptation model due to the effects of contour
length fluctuation (described by the Doi fluctuation model69) and constraint release
(also demonstrated experimentally by the Kramer group),67 both of which consider
the transient nature of the topological constraints.30
In simulations, there are similarly conflicting results regarding the chain
lengthdependence of polymerdiffusivity. MonteCarlo based simulations of polymer
diffusion using the Evans-Edwards model70 (which consists of polymer chains
diffusing along a regular lattice around impenetrable obstacles) have produced
diffusion coefficients that scale with N−2, in agreement with the simple reptation
model,70–72 andwith N−2.5, as predicted by theDoi fluctuationmodel.73–75 Molecular
dynamics simulations of entangled polymer chains by Kremer and Grest, for chain
lengths of N  5–400, observe D ∼ N−2.76,77 More recent atomistic MD simulations
of polyethylene demonstrate a dependence of N−2.4 for entangled chains.78
1.5.2 Polymer Diffusion in Confinement
While there are some minor disagreements about the exact scaling of D with
molecular weight in bulk polymer melts, the debate is largely settled. However,
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the debate as to how D scales in confinement is still ongoing. The majority of the
research into confined polymer dynamics, both in simulations and experiments,
is devoted to measuring segmental dynamics and understanding changes in the
glass transition temperature, most often in thin films.19,21–25,27,28,52,59–61,79–85 In some
instances, measurements of segmental or Rouse motions are used to determine
diffusion coefficients using scaling laws developed for bulk polymer melts.86–94 In
cylindrical pores, for example, nuclear magnetic resonance (NMR) diffusometry
and relaxometry measurements of polymer dynamics over time scales between
the Rouse relaxation and reptation times demonstrate slower relaxation of PEO in
methacrylate poreswith increasing confinement, implying slower PEOdiffusion.86,87
Inelastic neutron scattering measurements of the Rouse relaxations of polymers,
including PDMS and PEO, confined to AAO or silica pores also report evidence of
slowed88–90,93 or unchanged91,92 polymer dynamics.
The applicability of bulk polymer scaling laws (in which slowed Rouse
relaxations indicate slowed diffusion) to confined polymer diffusion is uncertain,
however, a few experimental studies measure polymer dynamics over larger time
and length scales, providing a better indication of polymer diffusivity in thin film
and cylindrical confinement. Fluorescence recovery after patterned photobleaching
(FRAPP) is a useful experimental method for measuring the in-plane diffusion of
polymer chains confined to a thin film. FRAPP measurements of silica supported
PS by Frank et al. indicate that in-plane D decreases as film thickness decreases
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while measurements of silica supported poly(isobutyl methacrylate) (PiBMA) by
Geng et al. show no dependence of D on film thickness.21,26 Dynamic secondary
ion mass spectroscopy (SIMS) measurements of silica supported PS demonstrate
slowed diffusion of PS in thin film confinement in the out-of-plane dimension.23,24,95
In cylindrical confinement, Shin et al. measure capillary rise of PS into AAO pores
and observe decreased polymer viscosity, which they interpret to mean increased
polymer diffusivity, although this is complicated by the interfacial components.44
Proton pulsed-gradient stimulated-echo NMR measurements of PB in anodic
aluminum oxide (AAO) pores, measuring micrometer scale diffusion, demonstrate
that confined polymer diffusivity decreases in confinement, but only as a function
of pore size, not polymer molecular weight.94 Measurements of polymer diffusion
over hundreds of nanometers, performed by Tung et al. using elastic recoil detection
(ERD), show an increase in the polymer diffusion coefficient with increasing
confinement.18
While experimentsmeasuring segmental dynamics in cylindrical confinement
suggest slowed86,87,95–97 or unchanged91,92,94 polymer diffusion using scaling rules,
faster diffusion has been shown when measuring polymer dynamics over longer
time and length scales.18,44 The disagreement between confined polymer diffusivity
calculated from polymer segmental relaxations and from chain scale motion suggest
bulk polymer scaling laws may not apply in confined systems.
Another important variable to consider when examining confined polymer
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dynamics is the interaction between the polymer and the confining wall. In general,
systems with attractive polymer-wall interactions demonstrate slower segmental
dynamics and slower polymer diffusion.88–90,93,98 PEO has a stronger attractive
interactions with AAO and silica than PS, and this may be an additional factor
as to why PEO diffusion in AAO pores is said to remain unchanged91,92 while PS
diffusion has been shown to increase.44,99 Developing experimental systems with
reduced polymer-wall interactions is critical to isolating the effects of confining
geometry on polymer diffusivity.
In simulations, it is trivial to ensure that there are no attractive interactions
between the polymer and the confining wall. Simulations of thin film confinement,
with no polymer-wall interaction, have shown polymer diffusivity to increase within
the plane of the film and decrease in the out-of-plane direction with increasing
confinement.36,80,100,101 Similar behavior is observed in simulations of entangled
polymers under cylindrical confinement; polymer diffusivity increases along the
pore axis.18 The contrast between the computational and experimental results
further implies that slowed diffusion in confinement could be due to attractive
polymer-wall interactions and highlights the need for further experiments with
neutral polymer-wall interactions.
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1.6 Outline of Thesis Chapters
This thesis examines the effect of confinement on polymer diffusion and chain
conformation under cylindrical and planar confinement, with athermal polymer-
wall interactions, using computational and experimental techniques. These simple
confining geometries, and lack of polymer-wall attraction, allow us to develop
theories describing confined polymer behavior that can later be applied to more
complex confining systems.
Chapter 2 uses molecular dynamics (MD) simulations to examine polymer
conformation and diffusion under cylindrical confinement. Polymer chain lengths
of 25–500 beads are confined to cylindrical pores with radii of r  2.5–20 σ. Our
measurements of chain conformation show an increase in Rg along the pore axis
and a decrease in the radial direction, in agreement with previous simulations.
We also observe a decrease in the entanglement density as the polymer chains
become more confined. Polymer diffusivity along the pore axis is shown to behave
nonmonotonically with decreasing pore size, increasing initially due to chain
disentanglement before decreasing due to entropically induced phase segregation.
In Chapter 3, we expand upon the simulations in Chapter 2 by using MD
simulations to examine polymers under planar confinement. These simulations use
polymers with chain lengths of 25–400 beads confined between parallel plates with
a separation of h  3.5–40 σ, to measure polymer chain conformation and diffusivity.
The changes in polymer conformation under thin film confinement follow the same
18
trends as in cylindrical confinement, though the magnitude of the changes is less.
Unlike in cylindrical confinement, polymer diffusivity increases continuously in
planar confinement, despite polymer chains tending toward segregation in the
strongest confinement.
In Chapter 4 we focus on experimental measurements of polymer diffusion
using elastic recoil detection (ERD). The diffusion of polystyrene into cylindrical
AAO pores is examined as a function of temperature and compared to the cylin-
drically confined polymer simulations in Chapter 2. In contrast to the cylindrical
confinement simulations, the ERD measurements indicate slower diffusion into the
AAO pores, relative to bulk polymer diffusion, with increased slowing occurring at
higher temperatures. This behavior is similar to polymer diffusion into polymer
nanocomposites.99 We use the D(T) measurements to calculate the entropic free
energy barrier for a polymer chain to diffuse in cylindrical confinement.
In Chapter 5 we use SANS and dynamical theory analysis (DTA) to measure
polymer conformation in thin film confinement. Polymer chains are confined to
approximately 350 nm deep and 40 nm wide channels in a silica-alumina template.
We find that the DTA model is able to accurately represent the scattering patterns
from the empty 1D periodic confining template, however, the polymer scattering
volume is determined to be too small and the intensity too weak to isolate the
confined polymer scattering pattern and measure Rg . We conclude that single
component templates with a uniform scattering length density are necessary for
future measurements of confined polymer conformation.
19
Chapter 6 summarizes the conclusions of this thesis and discusses future
research directions. Appendices A and B provide supporting information for
Chapters 2 and 3, respectively. Appendix C describes the phenyl-capping procedure
performed on the confining templates. Appendix D demonstrates successful filling
and rinsing of excess polymer from the AAO membranes. Appendix E contains
additional diffusion profiles for dPS into bulk PS and 40-nmAAOpores. Appendix F
describes the channel template fabrication developed by IBM for the confining
templates used in Chapter 5. Finally, Appendix G presents the results of a contrast
matching experiment for determining the scattering length density of the AAO
membranes.
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Chapter 2
Polymer Diffusion Is Fastest at Intermediate Levels of
Cylindrical Confinement
The contents of this chapter were published in Macromolecules, 2018, Volume 51,
Issue 23, pages 9789-9797 in a modified version.
2.1 Introduction
Understanding polymer behavior in confinement has been a focus of polymer
physics research for decades.1,2 While it is widely accepted that polymer behavior
changes under confinement, the exact nature of the changes and the scaling laws
that describe confined polymer behavior are still open for debate. Simulations and
theoretical models have been used extensively to understand polymer conformations
and dynamics, from local, segmental relaxation to chain diffusion, in a variety of
confinement conditions, including thin films,3–21 and cylindrical pores.19,22–28 These
simple and uniform geometries are ideal for developing theories that capture the
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fundamental behavior of confined polymers. Additionally, by comparison of these
geometries the role of confining dimensionality is revealed, namely one confining
dimension for thin films and two for cylinders. For instance, recent work has
shown that while the change in polymer end-to-end distance is similar for polymers
confined to thin films and cylinders, the entanglement density exhibits a much
greater decrease in cylinders.19
The majority of studies of confined polymers focus on chain conformation
in thin films. Studies have shown that polymer conformation perpendicular to
the confining surface decreases dramatically while only increasing slightly parallel
to the surface.10,11,19 Experiments and simulations have also shown an increase in
entanglement molecular weight as film thickness decreases.13,19–21,29 These changes
in polymer conformation have been shown to be even stronger in cylindrical
confinement, though fewer studies have examined this area.19. Among the few
studies examining cylindrically confined polymer behavior are theoretical models of
polymer melts that predict a critical pore size belowwhich polymer chains segregate
due to an enhancement of the correlation hole effect.22,25 This predicted segregation
is similar to what is observed in ultrathin, 2D polymer melts.5,8,16,17
In contrast to studies of confined chain conformation, there are relatively
few works addressing chain-scale dynamics under confinement. There are several
studies, both simulations and experiments, that focus on measuring segmental
dynamics and changes in the glass transition temperature, though largely in thin film
37
confinement.9,18,30–36 Despite the strong connection between chain conformation
and diffusion in polymer melts, few studies have attempted to connect theories
and observations of chain conformation in confinement to diffusive behavior in
confinement, especially under cylindrical confinement. A notable exception to this
generalization is Tung et al., who used experiments and molecular dynamics to
examine diffusion of well-entangled chains under cylindrical confinement.27
In this study, we focus on polymer behavior in cylindrical confinement and
relate changes in polymer conformation, including chain segregation due to the
correlation hole effect, to changes in polymer diffusivity over a range of chain
lengths and pore sizes. We first discuss our observations of chain segregation
for small pores and compare them to theoretical predictions, showing excellent
agreement. Then we express the confined chain conformation using the relative
shape anisotropy parameter, κ2, as a function of the confinement parameter, δ.
We find that κ2(δ) varies nonmonotonically and that the same behavior occurs
whether or not the polymer excluded volume is considered. Interestingly, we
demonstrate a nonmonotonic change in diffusion coefficient, D, as a function of
cylindrical pore radius and conclude that this is a result of the competing effects
of chain disentanglement and chain segregation. Finally, we propose a simple
volume fraction model to determine the average number of entanglements per
confined polymer chain. Throughout this work, we will demonstrate how polymer
conformation and dynamics are strongly linked and how a solid understanding of
both is necessary to fully understand confined polymer behavior.
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Figure 2.1. A representative image showing a confined polymer simulation system
(r  5, N  350). The pore wall (gray beads) is partially cut away to expose the
polymer. Each color represents a distinct polymer chain.
2.2 Simulation Methods
The coarse-grainedmolecular dynamics (MD) simulationswere performed using the
Kremer-Grestmodel37with interactions betweennonbondedmonomers governedby
the repulsive portion of the Lennard-Jones (LJ) potential. The units are normalized
to the potential strength, ε, monomer size, σ, and time, τ  σ(m/ε)1/2, where
m is the monomer mass. All simulations were run using the LAMMPS MD
simulation package38,39 with the velocity-Verlet algorithm under an NVT ensemble
with a monomer density of φ  0.85 σ−3. Confinement was imposed using a
pore wall made of discrete immobile particles with the same size and repulsive
LJ interaction potential as the polymer monomers. A detailed explanation of the
pore wall generation and subsequent polymer equilibration can be found in our
previous work.19 A representative image of the confined polymer system is shown
in Figure 2.1.
Cylindrical pores were generated in multiple sizes with nominal radii r 
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2.5, 3.5, 5, 7, 10, 14, and 20 σ. The effective radius of the pore is defined by the
accessible volume, vacc, where reff  (vacc/πL)1/2, in which L is the length of the
pore.19,27 The accessible volume is determined by randomly generating points
within the simulation box and determining if the point is accessible (inside the
pore) or inaccessible (in the pore wall or within a minimum distance of a wall bead).
A detailed explanation of the accessible volume calculation can be found in our
previous work.19 Because of excluded volume effects, the effective pore radii, reff ,
are approximately 0.40–0.45 σ less than the nominal radii. The length of the pore is
larger than the average polymer chain end-to-end distance, Ree, to prevent chains
from interacting with themselves across periodic boundaries. We studied bulk
systems with polymer chains of length N  25, 50, 100, 200, 350, and 500, where N
is the number of monomers. Table 2.1 summarizes the chain lengths studied for
each pore size, detailed information can be found in Table A.1.
After equilibration, MD simulations were run using a Langevin thermostat,
T  1, with a time step of 0.006 τ until the diffusive regime of the mean-squared dis-
placement (MSD, 〈r2〉) was observed and a diffusion coefficient could be calculated.
The MSD was calculated from the chain center of mass using a moving time origin.
In the confined systems, MSD was calculated along the pore axis (z direction), while
in the bulk systems MSD was calculated independently along each axis (x, y, and z)
and the results were averaged. To prevent polymer drift from interfering with the
MSD calculation, the center of mass of the system was calculated for each frame
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Table 2.1. Chain Lengths Studied for Each Nominal and Effective Pore Radius.
nominal radius, r (σ) effective radius, reff (σ) chain length, N
2.5 2.05 25, 50, 100
2.06 200
3.5 3.05 25, 50, 100
3.07 200
5 4.58 25, 100
4.57 50, 200, 350, 500
7 6.57 25, 50, 100, 200, 350, 500
10 9.59 25, 50
9.58 100
9.57 200
14 13.57 25, 50, 100, 200
20 19.56 100, 200
and shifted to the origin. The diffusion coefficient, D, was calculated from the
derivative of the diffusive region of the MSD such that D  (1/2)(d〈r2〉/dt). Plots
of D  (1/2)(d〈r2〉/dt) as a function of t can be found in Figure A.3.
We quantified the entanglement properties of our systems using the Z1
algorithm,40–43 which works using contour-length minimization. The entanglement
properties of multiple frames from the simulations were analyzed for each system
to generate a sufficiently large set of polymer conformations; the time between
successive conformations was on the order of the time for the system to reach
the diffusive regime. The average number of entanglements per chain, 〈Z〉, was
determined using the S-kink method. Measurements of chain radius of gyration,
Rg , were performed in a similar manner: analyzing multiple frames, separated by
sufficient time, to generate a sufficient number of conformations.
41
In addition to calculating Rg of the polymer, Rg,RW was also calculated
for polymer conformations generated from a random-walk (RW) model. In this
model, random-walk polymer chain conformations with N steps of length 1.3 were
generated in confinement and in the bulk. The step size was chosen to match the
bulk Rg from the random-walkmodel to theMD simulations. In the RW simulations,
confinement was defined by smooth cylinders with the same radii used in the MD
systems. All chain lengths were simulated in all pore sizes. The first end of the
polymer chain was randomly placed within the pore cross section. New bead
positions were rejected if they fell outside the confining cylinder. Random-walk
simulations were also performed with no confining cylinder for comparison with
the bulk MD simulations. Because it is a simple random walk, without excluded
volume, we can distinguish the effect of excluded volume on polymer conformation
in confinement.
2.3 Results and Discussion
2.3.1 Degree of Confinement and Chain Segregation
We employ the confinement parameter, δ, described by Lee et al.,25 δ  Na2/πreff 2,
where N is the number of segments in the chain, a is the statistical segment size
(based on measurements of the bulk end-to-end distance for a 1D weakly self-
avoiding walk, R2ee  2Na2), and reff is the radius of the confining pore. A larger δ
indicates a greater degree of confinement. Lee et al.25 define several regimes that
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describe changes in the polymer behavior as confinement increases, including a
transition at δ  1 from weak confinement, where conformational properties are
dependent on the shape of the pore cross section, to strong confinement, where
these properties are sensitive to only the cross-sectional area. Additionally, the
authors define a transition at δ  (φreff a2)2 from dispersed to segregated chains.
Figure 2.2a plots δ as a function of reff , demonstrating the range of confinement
regimes covered by our simulations.
In the segregated chain regime, δ > (φRca2)2, the polymers exhibit an
extreme version of the correlation-hole effect,44 the phenomenon where there is a
reduced concentration of monomers from neighboring chains within the volume
occupied by a polymer chain. In this extreme case, the correlation hole is so large
that identical polymer chains separate into distinct domains. This is illustrated in
Figure 2.2b, which plots the pair correlation function between chain centers of mass
along the pore axis for the smallest pore size. The presence of strong, long-range
correlations indicates the polymer chains are segregated. Visualizations of the
polymer chains inside the pores clearly show a dispersed chain system (Figure 2.2c)
and a segregated chain system (Figure 2.2d). In Figure 2.2d we also note that while
there are strong structural correlations on the chain scale, there is no monomer-level
ordering.
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Figure 2.2. (a) The confinement parameter, δ  Na2/πreff 2, as a function of
the effective pore radius, reff . The colored domains indicate different confinement
regimes. The systems examined span both theweak to strong confinement transition
and the transition from dispersed chains (filled markers) to segregated chains (open
markers). (b) Pair distribution functions between the polymer chain centers of
mass along the z-axis for N  25, 100, and 200 confined to a pore of r  2.5 σ and
reff  2.05 σ. The distribution is normalized such that g(r)  1 indicates a random
distribution of chain centers of mass along the z-axis (i.e., dispersed chains). As the
chain length increases, the distribution of polymers becomes increasingly correlated
along the pore axis, indicating increased segregation of polymers into individual
domains. (c, d) Visualizations of polymer chains in confinement for (c) a dispersed
chain system (N  200, r  7 σ, δ  1.06) and (d) a segregated chain system (N  200,
r  2.5 σ, δ  10.81).
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2.3.2 Chain Conformation in Confinement
The average radii of gyration in the unconfined (axial) and confined (radial),
directions (Rg,z and Rg,xy, respectively) as a function of the chain length for both the
MD and random-walk model simulations are plotted in Figure 2.3. The average one-
dimensional radii of gyration in the bulk, Rg,bulk 1D  Rg,bulk/
√
3, are also included.
In both the MD simulations and the RWmodel, Rg,xy is always less than Rg,bulk 1D,
with their differences increasing with increasing chain length and decreasing pore
radius. Additionally, with increasing N , Rg,xy asymptotically approaches a value of
reff/2, the radius of gyration of the cylindrical pore cross section. This indicates that
the larger chains fully explore all areas of the pore cross section, rather than being
confined to a small region.
In the axial direction we observe very different behavior between the simula-
tions and the model calculations. In MD, Rg,z is greater than Rg,bulk 1D and similar
to the radial direction, their differences are greater for larger chain lengths and
narrower pores. In the RW model, Rg,z is equivalent to Rg,bulk 1D at all N and r
values investigated. The r independence of Rg,z, the axial conformation, is due to
the absence of excluded volume interactions in the model that are present in the
MD simulations.
To further examine the anisotropy of confined chain conformation, we
calculated the shape anisotropy parameter, κ2, for each chain. The shape anisotropy
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Figure 2.3. Average Rg values in the confined (radial, shown as filled markers) and
unconfined (axial, shown as open markers) dimensions, calculated using (a) MD
simulations and (b) random-walk model. Note the difference in the unconfined Rg
behavior between the two methods.
parameter is defined as
κ2 
3
2
λ 41 + λ
4
2 + λ
4
3(
λ 21 + λ
2
2 + λ
2
3
)2 − 12 (2.1)
where λ21, λ
2
2, and λ
2
3 are the principal moments of the radius of gyration tensor
and their sum is equal to R2g .45 A κ2 value of 0 indicates a spherically symmetric
distribution of monomers, while a value of 1 indicates all monomers lie on a line.
The results of these calculations are plotted in Figure 2.4 as a function of δ, the
confinement parameter. The 〈κ2〉 behavior for the MD simulations and RWmodel
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Figure 2.4. Average relative shape anisotropy, 〈κ2〉, of polymer chains for both the
MD simulations (closed markers) and the RWmodel (open markers) plotted against
the confinement parameter, δ  Na2/πreff 2. The lack of excluded volume in the RW
model causes the simulation and model results to disagree for δ > 4.
are the same for δ < 4; above this they begin to differ due to the lack of excluded
volume effects present in the RWmodel.
As expected, relative shape anisotropy indicates bulklike chain conformations
when δ is near zero and more anisotropic conformations for large values of δ.
However, the behavior of 〈κ2〉 is nonmonotonic with increasing confinement,
initially decreasing to a minimum of ≈ 0.3 near δ  1, the transition from weak to
strong confinement, before sharply increasing. While this is an unexpected result,
we explain by considering the orientation of the polymer chains.
The primary orientation of a polymer chain can be described using the
vector associated with the largest principal moment. In a system where δ is
small (unconfined systems), polymer chains are free to orient in any direction. As
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confinement increases, chains oriented perpendicular to the pore axis are the first
to feel the effects of confinement. This causes a slight decrease in that component
of the principal moment, causing the chain to adopt a more spherically symmetric
conformation and lowering the average relative shape anisotropy. Eventually, as
confinement further increases and the system crosses into the strongly confined
regime, the principal moment perpendicular to the pore axis becomes less than
the other principal moments. At this point the chain becomes primarily oriented
along the pore axis, and the relative shape anisotropy begins to increase. In thin
films the dip in 〈κ2〉 should be much less than in cylinders because there is only
one confining dimension.
2.3.3 Polymer Diffusion in Confinement
The diffusion coefficients of the confined polymers, normalized to the bulk polymer
diffusion coefficient, are plotted as a function of the confinement parameter, δ
(Figure 2.5a). Unlike the shape anisotropy data, the normalized diffusion coef-
ficients, Dnorm, do not collapse to a single curve when plotted as a function of
the confinement parameter. This is contrary to polymer diffusion experiments in
polymer nanocomposites, where polymers are confined between nanoparticles and
the normalized diffusion coefficient is well-described by the degree of confinement
as defined by the average interparticle distance.46–48 When the data are replotted as a
function of the pore radius (Figure 2.5b) the diffusive behavior under confinement is
nonmonotonic with reff . When polymers are confined to large pores their diffusion
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Figure 2.5. Normalized diffusion coefficients plotted (a) as a function of confinement,
δ, and (b) as a function of effective pore size. Filled and open markers indicate
dispersed and segregated systems, respectively. For reff  6.57 and 9.59 σ the data
points for N  25 and 50 overlap.
coefficient, Dconf , is similar to the bulk diffusion coefficient. As the pore radius
decreases (increasing confinement), Dconf increases, and the relative increase is
greater for longer chain lengths. For r ≈ 7 σ, Dconf is about 3 times larger than
Dbulk for N  500, while the increase is about 50% for N  200, and Dconf is nearly
unchanged for N  25 or 50. Dconf continues to increase until the pore radius
decreases to about 5 σ, below which Dconf decreases sharply to less than Dbulk. The
relative decrease in Dconf is greater for longer chains. For r ≈ 2.5 σ, Dconf is ∼25% of
Dbulk for N  200, while Dconf is about ∼75% of Dbulk for N  25.
The nonmonotonic behavior of Dnorm suggests (at least) two competing factors
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are affecting confined polymer diffusion. On the basis of the negligible increase in
Dnorm for the unentangled systems (N  25 and 50) and previous studies showing
decreased entanglement density in confinement,15,19,20 we conclude that the increase
in Dnorm is due to chain disentanglement, as detailed in the next section. The decrease
in Dnorm when reff < 5 σ is attributed to chains segregating or beginning to segregate.
As shown in Figure 2.2, chain segregation occurs when the pore is small, such that
for diffusion to occur chains would have to adopt highly stretched and unfavorable
conformations. Thus, segregated chains must overcome a very high entropic barrier
to diffuse past one another, which dramatically slows chain diffusion along the pore.
It should be noted that while the N  25, r  2.5 σ system does not show
signs of segregation, its diffusion coefficient is still less than bulk. We believe this
is because the changes in dynamics as the system transitions from dispersed to
segregated is not an abrupt change but rather more gradual. Figure 2.2a shows
that this system is near the segregation transition which is likely causing the chain
diffusion to slow, despite the system still being dispersed. We see a similar slowing
of diffusion in the N  100, r  3.5 σ system, which is also close to the segregated
regime.
In addition to energetic and entropic barriers, it is possible that wall friction
(resulting from the discrete beaded surface of the pore wall) acts on the system
as well, causing the dynamics to slow in narrower pores (with higher surface to
volume ratios). If there was a sizable wall friction force, we would expect a gradual
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slowing of D in the unentangled systems, which do not benefit from the chain
disentanglement that increases the diffusivity of the entangled chains. Instead, in
the N  25 and 50 systems, Dnorm ≈ 1 in all but the smallest pore size. This leads us
to believe that any wall friction that might be present in the system has a negligible
effect on D compared to chain disentanglement and segregation.
With regards to the effect of chain conformation on chain diffusion, we
conclude that the average relative shape anisotropy of the polymer chains has a
significantly smaller (if any) effect on the diffusion coefficient. While it is certainly
possible that for individual chains κ2 affects mobility, given that 〈κ2〉 collapses as a
function of δ for all chain lengths but the diffusivity does not, the overall diffusive
behavior is better explained by changes in the entanglement network and chain
segregation.
2.3.4 Entanglement Network in Confinement
Understanding the behavior of entanglements in confinement is critical to explaining
the diffusive behavior of confined polymer chains shown in Figure 2.5b. From
simulations of free-standing and rigidly confined thin films, we know the entan-
glement density is reduced near an interface and gradually returns to the bulk
density as the distance from the interface increases.15,20 This is the result of having a
greater concentration of monomers from the same chain near the pore wall, making
entanglements between chains less likely. In Figure 2.6 we observe that the same
holds for polymers confined to cylindrical pores. Figure 2.6a plots the entanglement
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density (number of entanglements per σ3) as a function of the distance from the
pore wall for chain length N  200 at selected pore radii. We observe the depletion
of entanglements near the pore wall, as well as a small peak in the entanglement
density at a distance of ∼4 σ from the pore wall, just after the entanglement depleted
region, consistent with previous studies.20 It is also important to note that the width
of the depleted region at fixed N is independent of the pore radius. Figure 2.6b
plots entanglement density as a function of distance from the pore wall for three
chain lengths confined to a pore r  7 σ. The width of the depleted region strongly
depends on the size of the polymer chain; specifically, longer polymer chains have a
larger depleted region. These results are consistent with the idea that decreases in
interchain entanglement density near the wall are due to a greater concentration
of same chain monomers, and thus dependent on N and independent of pore size.
Note that the entanglement analysis was only performed for dispersed chains.
Using these data, we propose an empirical model to describe the average
number of entanglements per chain, Z, as a function of pore radius, reff . Upon
simplification of the radial dependence of the entanglement distribution in Figure 2.6
to a step function, where the entanglement density is zero within a distance, td , of
the pore wall and is otherwise bulklike, the average number of entanglements per
chain in cylindrical confinement is given by
Zconf  Zbulk
(reff − td)2
r2eff
(2.2)
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Figure 2.6. (a) Entanglement density as a function of distance from the wall for
chain length N  200 showing a reduction in the entanglement density near the pore
wall and a maximum at ∼4 σ. The dashed line represents the bulk entanglement
density. (b) Entanglement density as a function of distance from the wall for pore
radius r  7 σ. The entanglement depletion region widens with increasing chain
length.
where Zconf and Zbulk are the number of entanglements per chain in the confined
and bulk systems, respectively, and td is the thickness of the entanglement depleted
region.
In Figure 2.7a, Zconf is plotted as a function of reff for r  3.5–20 σ and
N  100–500. (Data from segregated chain systems are excluded.) The solid lines
are fits of Equation 2.2 to Zconf for each chain length, using td as the sole fitting
parameter: td(N  100)  0.81 σ, td(N  200)  1.04 σ, td(N  350)  1.34 σ, and
td(N  500)  1.51 σ. This simplemodel of entanglement distributions in cylindrical
confinement is in excellent agreement with the number of entanglements per chain.
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Figure 2.7. (a) Entanglements per chain, Z, plotted as a function of effective pore
radius, reff . The solid lines represent fits to Equation 2.2, where td is the fitting
parameter, and the dashed lines represent the number of entanglements per chain in
the bulk. (b) Same data as shown in (a), plotted in a linearized form where the data
collapses onto a line of slope −1, consistent with Equation 2.2. (inset) The width of
the entanglement depleted region, td , as a function of chain length, N , which varies
approximately as N1/2.
Figure 2.7b displays the same entanglement data plotted in the linearized form of
Equation 2.2: td/reff vs (Zconf/Zbulk)1/2. From the inset in Figure 2.7b, note that td is
consistent with the scaling of N1/2 and td ≈ 0.14Rg,bulk. This finding qualitatively
agrees with our observation that the width of the depletion region increases with N
as seen in Figure 2.6b. Overall, it is intriguing that the width of the entanglement
depletion region is constant relative to Rg rather than related to the entanglement
length. However, in all cases, td is less than the tube diameter ( ∼1.8 σ in bulk), and
it is plausible this trend might saturate as td approaches the tube diameter.
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The observations of entanglement density in this study are in qualitative
agreement with previous work observing a decrease in entanglement density with
increasing confinement.15,19,20 We have expanded on findings of these studies by
noting that the width of the entanglement depletion region scales with chain size.
Relating the entanglement behavior back to the diffusive behavior, reptation
theory states that the number of chain entanglements is inversely proportional
to the diffusion coefficient, D ∝ Z−1. A qualitatively similar trend occurs in
cylindrical confinement. As the average number of entanglements per chain
decreases the diffusion coefficient increases. Longer chains lose a larger fraction of
their entanglements compared to shorter chains and thus exhibit a greater increase in
their diffusion coefficient compared to shorter chains (Figure 2.5b). Our simulations
for r > 5 σ support the explanation that the increase in the mobility of cylindrically
confined polymers is due to chain disentanglement.
2.3.5 Effect of Chain Segregation on Confined Diffusion
When reff < 5 σ a secondary effect is present, namely, chain segregation within
the cylindrical pore, that dramatically slows polymer diffusion. Comparing the
confinement parameters and associated confinement regimes for each system as
shown in Figure 2.2a to the diffusion data shown in Figure 2.5b, we observe that
all of the systems that show a decrease in Dnorm when the pore radius is small (all
r  2.5 σ systems and N  100 and 200 for r  3.5 σ) are within the segregated
regime or near the dispersed-to-segregated boundary. For the r  2.5 σ systems,
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the decrease in the diffusion coefficient relative to bulk is greater for longer chains
which, as shown in Figure 2.2b, are more strongly segregated. This is consistent
with our explanation that the decreased diffusion coefficients are caused by chain
segregation.
For segregated chains to diffuse past one another along the pore they must
elongate to exchange positions with neighboring chains, and this reduces their
conformational entropy. To quantify the strength of the entropic barrier, we
performed a potential of mean force analysis on the segregated and near segregated
systems. Using the equation
w(z)  −kT ln g(z)  u(z) − s(z)T (2.3)
where w(z) is the potential of mean force between two polymer chains with centers
of mass separated by distance z along the pore axis where z is always taken in the
positive direction, g(z) is the chain center of mass distribution function along the
pore axis, and u(z) and s(z) are the interaction energy and entropy between two
chains separated by distance z. The Boltzmann constant, k, and temperature, T,
are both 1. To calculate the entropic barrier, u(z)was calculated between pairs of
polymer chains and binned by the distance between the chain centers of mass. This
distribution was then subtracted from w(z) to determine −s(z).
Figure 2.8a shows the entropy of two chains with centers of mass separated by
distance z along the pore axis for the r  2.5 σ system. For the most confined system
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Figure 2.8. (a) Entropy and (b) potential of mean force for two polymer chains
separated by a distance z in a pore of radius 2.5 σ. Note the large energetic and
entropic barrier as the two chains come into contact with one another. This barrier
decreases as chain length decreases and as pore radius increases.
(r  2.5 σ and N  200) the entropic barrier for two chains to pass is on the order of
18kT. The free energy distribution, shown in Figure 2.8b, indicates the while the
entropic barrier is very high, the free energy barrier for chains to pass is only ∼5kT.
Both the free energy and entropic barriers quickly decrease as the chain length
decreases and the pore radius increases. For example, the energy barrier decreases
from 5kT to 2.5kT for N  100 and from 5kT to 1kT for r  3.5 σ (Figure A.1). These
findings corroborate the conclusions of Lee et al.,25 who predicted nonmonotonic
diffusive behavior due to a strong slowing down of the dynamics when approaching
the dispersed to segregated transition due to the extra stretching required of the
chains to move past one another. Despite the significant energetic and entropic
barriers, we observe no evidence of caging when examining the mean-squared
displacement data (Figure A.2), even in the most confined systems.
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2.4 Conclusions
We used molecular dynamics simulations to examine the chain conformations,
entanglement densities, and diffusion coefficients of polymer chains under athermal
cylindrical confinement. The simulation systems covered a range of chain lengths,
N  25–500, spanning the unentangled and entangled regimes. By using a variety
of pore sizes, r  2.5–20 σ, confinement spanned both weak and strong regimes as
well as systems undergoing confinement induced chain segregation. Additionally,
a random walk (RW) model was applied over the same range of chain length and
pore sizes to isolate the effects of excluded volume and geometric confinement on
chain conformations.
To examine the confined chain conformations, the shape anisotropy of the
average Rg vectors was calculated for each system in MD simulations and confined
random walk models. We observed that in the MD simulations Rg,z > Rg,bulk 1D
and Rg,xy < Rg,bulk 1D, while in the random-walk model Rg,z  Rg,bulk 1D and
Rg,xy < Rg,bulk 1D. Despite the differences in confined Rg behavior in the MD
simulations and RW model, the 〈κ2〉 behavior was similar for a given degree of
confinement, with each system showing a dip in 〈κ2〉 at δ  1. Thus, the shape
anisotropyparameter is a robustmeasure of confined chain conformation, dependent
only on the degree of confinement, δ. Calculating the shape anisotropy parameter
in additional pore geometries (e.g., square or rectangular cross sections) will enable
us to determine the generalizability of this κ2 behavior.
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The entanglement density as a function of radial position was used to
develop a simple two-layer model (Equation 2.2) that captures the number of
entanglements per chain as a function of the pore radius and the chain length.
Examining entanglement behavior in additional geometries will determine whether
it is possible to generalize our two-layer model.
The diffusive behavior was examined by normalizing the axial diffusion
coefficient to the bulk diffusion coefficient, and it was shown that Dnorm changes
nonmonotonically as a function of the pore radius. This is in contrast to our early
experimental and simulationwork. By extending tomore confined systems and chain
lengths, this paper demonstrates the competing effects of chain disentanglement
increasing diffusivity and chain segregation decreasing diffusivity. Because chains
are slowed due to the increased free energy barrier for segregated chains to diffuse
past each other, the dramatic decrease in Dnorm for small reff may be particular
to cylindrical confinement. In thin film (1D) confinement, this effect of chain
segregation might be less pronounced.
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Chapter 3
Increased Polymer Diffusivity in Thin Film Confinement
The contents of this chapter were submitted to Macromolecules in a modified version
on May 15, 2019.
3.1 Introduction
Understanding the effects of confinement on polymer behavior has long been a
focus of polymer physics research and has implications in fields ranging from
semiconductor manufacturing to polymer nanocomposites.1 Thin film and cylindri-
cally confined systems provide a simple and uniform confining geometry that is
ideal for developing theories about the fundamental behavior of confined polymers
which can be applied to more complex confining environments, e.g., polymer
nanocomposites.2 Experiments, simulations, and theoretical models have exten-
sively probed static properties of thin films, including chain conformations3–13 and
entanglement networks,14–19 as well as dynamic properties, particularly segmental
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relaxations15,20–24 and glass transition behavior.25–33 Similar studies have examined
polymer behavior in cylindrical confinement and in some cases direct comparisons
have been made between the effects of thin film and cylindrical confinement.16,34,35
In general, simulations have shown polymer behavior in thin film and
cylindrical confinement to be qualitatively similar, with properties increasingly
deviating from bulk as confinement increases, though the effects are typically more
pronounced in cylindrical confinement. Several studies in thin films and cylinders
have indicated that polymer conformation perpendicular to a confining interface,
as measured by Rg is substantially reduced while in the parallel direction the
conformation increases slightly.4–6,13,16,34,36,37 Entanglement molecular weight has
also been shown to increase as film thickness or pore radius is decreased.15–19,37
Similarly, polymer simulations also indicate faster segmental motion in thin film and
cylindrical confinement relative to bulk.15,22,35,38,39 Regarding chain-scale dynamics,
previous simulations of entangled and unentangled polymers have shown that
polymer diffusivity increases within the plane of the thin film and slows in the
out-of-plane direction.4,19,29,40 This behavior has also been observed in cylindrical
confinement35, though recent simulations by our group indicate a non-monotonic
change in diffusivity as the confining radius is decreased.37 A subset of the diffusion
results from this previous study are shown in Figure 3.1, with representative images
of two simulation systems, r  2.5 σ and 7 σ and N  200, where r is the cylindrical
pore radius and σ is the bead diameter. The non-monotonic behavior is the result of
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Figure 3.1. Normalized polymer diffusion coefficient for N  200 beads as a function
of effective pore radius. The two representative images of the cylindrically confined
simulation systems correspond to r  2.5 σ (right, top) and r  7 σ (right, bottom),
both for N  200. The segregation of the chains in the r  2.5 σ system creates large
entropic barriers to polymer motion that decrease the diffusion coefficient. Figure
adapted from previous work by Pressly et al.37
chain segregation at high degrees of confinement, in this case when reff < 4 σ. Chain
segregation has also been observed in ultrathin, strictly 2D polymer melts,41–44 but
it is unclear if the level of confinement in our thin films with small but non-zero
thickness ∼3–40 σ is high enough for polymer chains to begin to segregate and affect
diffusivity. The extent to which this behavior occurs in thin films and the resulting
effect on polymer diffusivity is the focus of this paper.
In this study, we focus on polymer behavior under rigid symmetric thin
film confinement and compare changes in polymer conformation and diffusivity
in thin film confinement to cylindrical confinement over a range of chain lengths
and thicknesses. We first express the confined chain conformation using the
relative shape anisotropy parameter, κ2, as a function of the confinement parameter
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δfilm  2Rg,bulk/heff . We find that κ2(δfilm) varies less in thin films than in cylindrical
pores and is constrained by the relative shape anisotropy of a 2D random walk for
large δfilm. Additionally, we show that polymer diffusivity continually increases as
film thickness decreases, unlike polymers in cylindrical confinement, and that this
behavior can be described by an empirical master curve. The increase in diffusivity
is attributed to a decrease in the number of entanglements per chain, which we
describe using a volume fraction model. Finally, we discuss why the diffusive
behavior of thin film and cylindrically confined polymers differ by examining the
entropic barriers to diffusion. Throughout this work, we will demonstrate the strong
links between polymer conformation and dynamics and how knowledge of both is
necessary to fully understand polymer behavior.
3.2 Simulation Methods
The simulations are performed using the Kremer-Grest model45 for coarse-grained
molecular dynamics (MD) simulations with nonbonded monomer interactions
governed by the repulsive portion of the Lennard-Jones potential. The simulation
units are normalized to the monomer size, σ, potential strength, ε, and time,
τ  σ(m/ε)1/2, where m is the monomer mass. All simulations were run under an
NVT ensemble using the LAMMPS MD simulation package46,47 with the velocity-
Verlet algorithm and a monomer density of φ  0.85 σ−3. The films were confined
by two parallel plates made of discrete immobile particles with the same size, mass,
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Figure 3.2. A representative image showing a confined polymer simulation system
(h  7 σ, N  200, L  43.77 σ). The confining wall (gray beads) is partially cut away
to expose the polymer. Different colors represent different polymer chains.
and repulsive LJ potential as the polymer monomers, Figure 3.2. The wall was
made of discrete particles to prevent strong, long-range ordering of the polymer
monomers at the interface. Detailed explanations of the pore wall generation and
subsequent polymer equilibration can be found in our previous work.16
Thin films were generated in multiple sizes, with nominal thicknesses of h 
3.5, 5, 7, 10, 14, 20, 28, and 40 σ. The effective thickness of the films is defined by
the accessible volume, vacc, where heff  vacc/L2, in which L is the side length of
the thin film.16,35,37 The accessible volume is determined by randomly generating
points within the simulation box and determining if the point is accessible (inside
the film) or inaccessible (inside the pore wall or within a minimum distance of
a pore wall bead). The minimum distance was determined by measuring the
minimum distance between two monomers in a Lennard-Jones fluid under the
same simulation conditions, i.e., φ  0.85 σ−3, T  1, and repulsive Lennard-Jones
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Table 3.1. Average Effective Film Thickness for Each Nominal Film Thickness.
nominal thickness, average effective
h (σ) thickness, heff (σ)
3.5 2.66
5 4.18
7 6.14
10 9.15
14 13.15
20 19.15
28 27.15
40 39.15
potential. A detailed explanation of the accessible volume calculation can be found
in our previous publication.16 Due to excluded volume effects, the effective film
thicknesses, heff , are approximately 0.8–0.9 σ less than the nominal thicknesses. The
side lengths of the films are longer than the average polymer chain end-to-end
distance, Ree, to limit chains from interacting with themselves across periodic
boundaries. We examined bulk and thin film systems with polymer chain lengths
of N  25, 50, 100, 200, and 400, where N is the number of monomers. Table 3.1
summarizes the average effective film thicknesses for each nominal film thickness;
detailed information is provided in Table B.1. The confinement parameter, δfilm, is
equal to 2Rg,bulk/heff and varies from approximately 0.1–10.
After equilibration, MD simulations were run using a Langevin thermostat,
T  1, with a time step of 0.006 τ and the mean squared displacement (MSD, 〈r2〉)
was calculated from the chain center of mass using a moving time origin. In the thin
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film systems, MSD was calculated in the plane of the film (xy-plane) and the the
diffusion coefficient, D, was calculated from the derivative of the diffusive region
of the MSD such that D  (d〈r2〉/dt)/4. In the bulk systems, MSD was calculated
in three dimensions and D  (d〈r2〉/dt)/6. Plots of (d〈r2〉/dt) as a function of t
are provided in Figure B.1 and show a plateau at long times, indicative of diffusive
motion.
Entanglement properties were studied using the CReTA algorithm,48 which
uses hard core interactions and random string-aligning moves to reduce the chain
conformations to a primitive path network. The entanglement network statistics
were calculated by taking multiple frames from each system, with the time between
successive frames on the order of the time required to reach the diffusive regime,
ensuring conformations were sufficiently decorrelated. The average number of
entanglements per chain, 〈Z〉, was determined using the S-kink method. The same
chain conformations were also analyzed using the Z1 primitive path algorithm.49–51
Despite previous simulations indicating the CReTA and Z1 algorithms provide
similar results,16,51,52 we found discrepancies between the algorithms in the thinnest
films. Based on these results we use the CReTA algorithm to calculate the en-
tanglement networks presented in this study. More details and a discussion of
this observation are provided in Appendix B (Figure B.2). The polymer radius of
gyration, Rg , was calculated from similarly spaced frames.
In addition to the Rg calculated for the MD simulations, Rg,RW was calculated
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for polymer conformations generated using a random-walk (RW) model. In this
model, random walk polymer chain conformations of N steps of length 1.3 σ were
generated in confinement and in the bulk. The step sizewas chosen tomatch the bulk
Rg from the random-walk model to the MD simulations. In the RW simulations, the
confinement is defined by smooth parallel plates separated by the same thicknesses
used in the MD systems. When generating the RW conformations, the first end of
the polymer chain was randomly placed within the film thickness and new bead
positions were rejected if they fell outside the confining walls. For comparison with
the bulk MD simulations, the RW simulations were performed without confinement.
Inclusion of the random-walk model allows us to distinguish the effect of excluded
volume on the polymer conformation in confinement.
3.3 Results and Discussion
3.3.1 Chain Conformation in Planar Confinement
The average radii of gyration in the unconfined (in-plane, Rg,xy) and confined
(out-of-plane, Rg,z) dimensions are plotted as a function of chain length for both the
MD simulations (Figure 3.3a) and the confined random-walk model (Figure 3.3b).
The average one-dimensional radii of gyration for the bulk, Rg,bulk 1D  Rg,bulk/
√
3,
are also shown. In both the MD simulations and RW model, Rg,z is always less than
Rg,bulk 1D and the difference between Rg,z and Rg,bulk 1D increases with increasing
chain length and decreasing h. We also observe that Rg,z appears to asymptote as
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Figure 3.3. Average Rg perpendicular (Rg,z, out-of-plane, filled markers) and
parallel (Rg,xy, in-plane, open markers) to the confining walls, calculated using (a)
MD simulations and (b) a confined random-walk model. The solid line corresponds
to Rg,bulk 1D. Note the difference in the in-plane, Rg,xy, behavior between the two
methods.
chain length increases. This asymptote corresponds to the radius of gyration of the
cross-section of a rectangular slit, heff/2
√
3.
Within the plane of the thin film, we observe very different behavior between
the MD simulations and RW model. In the RW model Rg,xy equals Rg,bulk 1D, while
in the MD simulations Rg,xy is greater than Rg,bulk 1D and the difference increases
with increasing chain length and decreasing h. This is due to the lack of excluded
volume interactions in the RWmodel that are present in the MD simulations. The
presence of excluded volume interactions in the MD simulations means Rg,xy must
increase as the film thickness is decreased.
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Figure 3.4 compares the normalized Rg perpendicular and parallel to the
confining wall (Rg,⊥ and Rg,‖) for polymers in planar and cylindrical confinement
as a function of their respective confinement parameters, δfilm  2Rg,bulk/heff for
planar confinement and δcyl  Rg,bulk/reff for cylindrical confinement, where reff
is the effective pore radius. We see that the changes in Rg are well described
by the confinement parameters, Rg(δfilm) and Rg(δcyl) collapse to single curves in
the perpendicular and parallel directions for planar and cylindrical confinement,
respectively. The normalized Rg,⊥ behavior is nearly identical in thin film and
cylindrical confinement, while Rg,‖ increases more dramatically and at lower
confinement in cylindrical confinement. These findings are in agreement with
previous models by Sussman et al. comparing chain conformations in thin film and
cylindrical confinement.16
We further examined chain conformation in thin film confinement by com-
puting the average shape anisotropy parameter, 〈κ2〉, of each simulated system. The
shape anisotropy parameter is defined as
κ2 
3
2
λ 41 + λ
4
2 + λ
4
3(
λ 21 + λ
2
2 + λ
2
3
)2 − 12 (3.1)
where λ21, λ
2
2, and λ
2
3 are the principal moments of the radius of gyration tensor
and their sum is equal to R2g .53 A κ2 value of 1 indicates the monomers lie on a line
while a value of 0 means the monomer distribution is spherically symmetric. For an
unconfined polymer chain 〈κ2〉 ≈ 0.4. Relative shape anisotropy calculations for the
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Figure 3.4. Normalized Rg perpendicular and parallel to the confining walls,
for planar (blue, filled) and cylindrical (green, open) confinement as a function
of the confinement parameter δfilm  2Rg,bulk/heff for planar confinement and
δcyl  Rg,bulk/reff for cylindrical confinement. The change in Rg,⊥ is the same in
planar and cylindrical confinement, while Rg,‖ increases more and at lower levels
of confinement for cylindrical confinement. Cylindrical confinement data is taken
from previous work by Pressly et al.37
MD simulations (Figure 3.5a) and RWmodel (Figure 3.5b) are in good agreement
over all δfilm. There is a small difference in 〈κ2〉 near δfilm  1 where 〈κ2〉 for short
chains (N ≤ 50) in the MD simulations remain bulklike while for larger chains and
in the RWmodel there is a slight decrease in 〈κ2〉.
Figure 3.5 also plots 〈κ2〉 for polymer chains under cylindrical confinement
as a function of δcyl. We can see that 〈κ2〉 has the same nonmonotonic behavior in
cylindrical and planar confinement, transitioning from a bulklike value for small δ
to a minimum near δ  1 before increasing. However, the magnitude of the changes
in 〈κ2〉 are much smaller in thin film confinement than in cylindrical due to the
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Figure 3.5. Average relative shape anisotropy, 〈κ2〉, of polymer chains in planar
(blue, filled) and cylindrical (green, open) confinement for (a) the MD simulations
and (b) the RW model plotted against their respective confinement parameters,
δfilm  2Rg,bulk/heff for planar and δcyl  Rg,bulk/reff for cylindrical confinement. The
dashed line is 〈κ2〉 for bulk polymer chains and the dash-dotted line is for a 2D
random walk. Cylindrical confinement data is taken from previous work by Pressly
et al.37
reduced number of confining dimensions. Additionally, it appears that 〈κ2〉 begins
to asymptote around δfilm  6, or when Rg,bulk ∼ 3heff . Based on relative shape
anisotropy calculations for a random walk confined to a two dimensional plane, we
can estimate 〈κ2〉 ≈ 0.55 as the average relative shape anisotropy at the extreme
limit of thin film confinement, as indicated by the dash-dotted line in Figure 3.5.
The asymptotic behavior near δfilm  6 indicates the polymer conformation is
transitioning from 3D to pseudo-2D behavior. Finally, the observed values of 〈κ2〉
fall within a small range, 0.35–0.55, indicating that thin film confinement does not
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significantly alter overall chain conformation compared to cylindrical confinement
where 〈κ2〉 values of 0.3–0.8 were observed.37
3.3.2 Entanglement Networks in Confinement
The number of entanglements per chain, Z, has been shown to decrease with
increasing confinement in thin films and cylindrical pores due to a decrease in
entanglement density near the interface.17,19,37 Our current findings agree with
these previous works. Here, we adapt our empirical model, previously developed
to describe Z as a function of pore radius in cylindrical confinement,37 to a thin film
geometry. The model simplifies the change in entanglement density moving away
from the pore wall to a step function, with an entanglement density of zero within a
distance td of the pore wall and a bulklike density otherwise. The average number
of entanglements per confined chain is given by
Zconf  Zbulk
(heff − 2td)
heff
(3.2)
where Zconf and Zbulk are the average number of entanglements per chain in
confinement and bulk, respectively, and td is the width of the entanglement
depletion region near the interface.
Figure 3.6a plots Zconf as a function of heff for planar confinement and 2reff
for cylindrical confinement for the entangled systems (N ≥ 100). The solid lines
are fits to the corresponding empirical model, Equation 3.2, for thin films and
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Figure 3.6. (a) Entanglements per chain, Z, in thin film (blue, filled) and cylindrical
(green, open) confinement, plotted as a function of effective film thickness, heff , or
twice the effective pore radius, 2reff , respectively. The solid lines represent fits to
Equation 3.2, for planar confinement, and to the equation Zconf  Zbulk(reff − td)2/r2eff
for cylindrical confinement, where td is the fitting parameter.37 The dashed lines
represent the number of entanglements per chain in the bulk. (b) The width of the
entanglement depleted region, td , as a function of chain length, N , for thin film (blue,
filled) and cylindrical (green, open) confinement. In thin film confinement td varies
approximately as N0.2, while in cylindrical confinement it varies approximately as
N0.5. Cylindrical confinement data is taken from previous work by Pressly et al.37
Zconf  Zbulk(reff − td)2/r2eff for cylinders
37, with td as the sole fitting parameter.
The dashed lines correspond to Zbulk. In both planar and cylindrical confinement
Zconf decreases with decreasing confining length, though the decrease is greater
in cylindrical pores for similar confining lengths (heff ≈ 2reff ). In Figure 3.6b the
width of the depletion region, td , is plotted as a function of N. The depletion
width scales differently with chain length in these two confining geometries,
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scaling approximately with N0.2 in planar and N0.5 in cylindrical confinement. The
difference in scaling is most likely due to differences in curvature between the two
interfaces; the negative mean curvature of the pore wall in cylindrical confinement
extends the region where there is a high concentration of same-chain monomers
further from the wall compared to the flat wall in thin film confinement, resulting
in a stronger dependence on N for td . This is further supported by the depletion
width in cylindrical confinement being greater than in thin film confinement, for
the same N . While previous MD simulations of entangled polymers under planar
confinement observed entanglement depletion near the interface, the relationship
between chain length and depletion thickness was not explored.17
3.3.3 Chain Segregation
In cylindrical confinement, chain segregation has been shown to slow polymer
diffusion, Figure 3.1.37 To accurately compare diffusive behavior in thin film and
cylindrical confinement it is necessary to determine if the polymer chains segregate
in thin film confinement. To quantify the chain segregation we calculated the 2D
radial self-chain monomer density about the chain center of mass, ρself (rx y). The
calculation was limited to a 2.66 σ slice (heff of the thinnest system) centered on the
chain center of mass. This method gives comparable results to the ρself (r) calculation
taken in three dimensions while maintaining a simple normalization volume and
minimizing the effects of film thickness; comparisons between 2D and 3D monomer
density profiles can be found in Figure B.3. Figure 3.7a shows 2D radial self-chain
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Figure 3.7. (a) Self monomer density, ρself (rxy), profiles as a function of radial,
in-plane distance from the chain center of mass normalized by Rg,bulk. Results
shown for N  100 and 400 in bulk and h  3.5 and 5 σ thin films. Self monomer
density increases with decreasing chain length and decreasing film thickness.
(b) Normalized self monomer density near the chain center of mass, ρself (rxy 
0)/ρself ,bulk(rxy  0) as a function of confinement, δfilm. The normalized self monomer
density is bulklike for approximately δfilm < 1.7, vertical dashed line, and increases
as δfilm0.75 for greater confinement.
monomer density profiles for select systems; the distance from the center of mass is
normalized by the bulk polymer radius of gyration, rxy/Rg,bulk. From Figure 3.7a it
is evident that self-chain monomer density increases as film thickness decreases
and that this increase is greater for longer polymer chains.
Figure 3.7b plots the normalized self-chain monomer density at the center
of mass, ρself (rx y  0)/ρself ,bulk(rx y  0), as a function of δfilm. We observe that
ρself (rx y  0) is bulklike while δfilm < 1.7, and when δfilm > 1.7 ρself (rx y  0)
increases approximately as δfilm0.75, though significantly more data is needed to
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verify this is truly power law behavior. In the most confined system (N  400,
h  3.5 σ), ρself (rx y  0) is three times greater than in the bulk. While defining a
cutoff value for a dispersed to segregated chain transition based on ρself (rx y  0)
would be arbitrary, the data indicate the polymer chains are becoming increasingly
segregated as confinement increases. Previous simulations of 2D polymer melts
suggest that, in the ultrathin limit, the polymer chains will segregate.41–44 The effect
of planar confinement and chain segregation on polymer diffusivity are discussed
in the next section.
3.3.4 Polymer Diffusion in Confinement
The diffusion coefficients of the confined polymers, normalized by the bulk polymer
diffusion coefficient are plotted as a function of δfilm in Figure 3.8. It is clear that as the
polymer chains become more confined the normalized diffusion coefficient, Dnorm 
Dconf/Dbulk, increases monotonically. This differs from the diffusion behavior in
cylindrical confinement where Dnorm behaves nonmonotonically with changing pore
radius.37 The increase in diffusivity is due to the decrease in entanglement density
as the film thickness decreases. Interestingly, despite the polymer chains tending
toward segregation, Dnorm monotonically increases with decreasing film thickness.
As explained in the next section, this is due to small entropic barriers to diffusion in
thin films, even for very strong confinement.
In Figure 3.8a, it appears that Dnorm(δfilm) follows a similar curve for each film
thickness, suggesting the data could be shifted to create a single curve. Shifting
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Figure 3.8. (a) Normalized diffusion coefficients, Dnorm, plotted as a function of
confinement, δfilm. (b, c) D∗norm, plotted as a function of δfilm, showing that the
diffusion coefficients can be shifted to a single curve described by an exponential
function. (d) The shift factor, f , as a function of heff . Fits to Equations 3.3 and 3.4
are shown in b, c and d.
Dnorm by a factor of f , such that
D∗norm(δfilm) 
Dconf
f (heff )Dbulk
(3.3)
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where f (heff ) is a thickness dependent shift factor, we see that D∗norm has an expo-
nential dependence on the confinement parameter, for the range of confinements
studied here (Figures 3.8b and 3.8c). Figure 3.8d plots f (heff ) and we observe that f
follows the form
f (heff ) 
heff − 2ti
heff
(3.4)
where ti is the thickness of a monomer layer near the polymer-wall interface. In
other words, f is the fraction of monomers in the thin film that are not near the
interface and presumably behave in a bulklikemanner. Note the similarities between
Equation 3.4 and Equation 3.2. Simultaneously fitting Equations 3.3 and 3.4 to the
data reveals that ti  0.49 σ and D∗norm  e0.29δfilm , as shown in Figures (3.8b–d).
While the fitted equations above are purely empirical, the thickness depen-
dence suggests a slowing down of Dnorm, relative to D∗norm, that is due to polymer-wall
interactions, possibly a frictional force. This interaction between the polymer chains
and the confining walls slows diffusion in thinner films more than thicker films
(Figure 3.8d), even when the chain scale confinement is similar (i.e., similar δfilm).
This is clearly observed in Figure 3.8a where, for a given confinement, polymer
chains in thicker films tend to have greater diffusivities. This behavior is reminiscent
of the simulations of linear polymers in diamond network confinement by Zhang
et al. who scaled the confined polymer diffusivity by a tortuosity dependent term.54
In this study we are scaling by a thickness dependent term.
It would be interesting to compare the results of this study to similar systems
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with free polymer interfaces. One would expect polymer-wall interactions, frictional
or otherwise, to be greatly reduced or non-existent in a system with free interfaces,
suggesting Dnorm(δfilm) could lie on a single curve without shifting. Simulations
of freestanding thin films have been performed for large chain lengths, showing
similar entanglement behavior, however, the diffusive behavior of polymer chains
was not examined.17 This discussion of polymer-wall interaction is most relevant
for temperatures where glassy polymer physics are not present, i.e., T  Tg .
3.3.5 Entropic Barriers to Polymer Diffusion
Despite polymer chain segregation occurring under increased confinement, there is
no evidence of polymer diffusion slowing as confinement is increased. This is in
contrast to previous simulations of cylindrically confined polymers where chain
segregation caused a dramatic decrease in diffusivity that could be observed even
before chains fully segregated, Figure 3.1. The difference in diffusive behavior
stems from the difference in the number of degrees of freedom polymer chains
have in each geometry. In cylindrical confinement, the polymer chains can only
move in one dimension, while in thin film confinement polymers can move in two
dimensions, greatly reducing the entropic barrier to polymer diffusion. In other
words, segregated polymers in cylindrical confinement must diffuse through each
other, and segregated polymers in planar confinement can diffuse around each
other.
A potential of mean force analysis was performed on the bulk and h  3.5 σ
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systems to quantify the strength of the entropic barrier in both unconfined and
highly confined systems. The potential of mean force was calculated using the
equation
w(r)  −kT ln g(r)  u(r) − s(r)T (3.5)
where w(r) is the potential of mean force between two polymer chains with centers
of mass separated by distance r, g(r) is the chain center of mass distribution function,
and u(r) and s(r) are the average interaction energy and entropy between two chains
separated by distance r. In the bulk systems the separation distance rCM is calculated
in three dimensions while in the confined systems rxy,CM is calculated in the plane
of the thin film. Additionally, T  1, and the Boltzmann constant, k, is 1. To
calculate the entropic barrier, u(r)was calculated between pairs of polymer chains
and binned by the distance between the chain centers of mass. This distribution
was then subtracted from w(r) to determine −s(r).
Figure 3.9 shows the entropic contribution to the potential of mean force for
two chains separated by a distance r for the bulk (Figure 3.9a) and h  3.5 σ systems
(Figure 3.9b). For N  400 in the bulk, −s(rCM) decreases steadily as rCM approaches
0, whereas −s(rxy,CM) has a slight increase near 0 in the h  3.5 σ system. This
slight increase is the entropic barrier for in-plane diffusion and is approximately
2 kT, an easily overcome barrier when the thermal energy, kT, of the system is 1.
Previous simulations of cylindrically confined polymers showed entropic barriers
on the order of 18 kT when N  200 and r  2.5 σ, resulting in a 75% reduction in
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Figure 3.9. Entropic contribution to the potential of mean force for two polymer
chains separated by a distance r in (a) the bulk and (b) a thin film of thickness
3.5 σ. In the bulk −s(rCM) continually decreases as chains get closer together while
in the thin film the initial decrease in −s(rxy,CM) is followed by a slight increase of
approximately 2 kT for rxy,CM < 10 σ for N  400.
diffusivity.37 It is clear that the entropic barriers to diffusion in thin film confinement
are minimal and easily overcome due to increased degrees of freedom.
3.4 Conclusions
We used molecular dynamics simulations to examine the chain conformations,
entanglement densities, and diffusion coefficients of polymer chains under athermal
thin film confinement. The simulation systems covered a range of chain lengths,
N  25–400, spanning the unentangled and entangled regimes. The variety
of film thicknesses, h  3.5–40 σ, created confinement conditions ranging from
δfilm ≈ 0.1–10, with the most confined systems tending toward chain segregation.
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Additionally, a random walk (RW) model was applied over the same range of chain
length and film thicknesses to isolate the effects of excluded volume and geometric
confinement on chain conformations.
TheRg perpendicular andparallel to the confiningwalls and the relative shape
anisotropy of the polymer chains were calculated to examine chain conformations in
theMD simulations and confined randomwalk models. In both theMD simulations
and RW model, Rg,⊥ was significantly reduced relative to Rg,bulk 1D, meanwhile,
Rg,‖ was slightly greater than Rg,bulk 1D for the MD simulations and equivalent to
Rg,bulk 1D in the confined RWmodel, consistent with previous studies. As a function
of confinement, Rg,⊥ was shown to behave similarly in planar and cylindrical
confinement while Rg,‖ increased more rapidly in cylindrical confinement. The
relative shape anisotropy, 〈κ2〉, behavior as a function of confinement was similar
for both the MD simulations and RW model; both showed a slight dip at δ  1
and asymptotically approached 0.55, which is the 〈κ2〉 value of a 2D random walk.
The variation of 〈κ2〉 in thin film confinement is much smaller than in cylindrical
confinement.
We adapted our, previously developed, two-layer entanglement model from
a cylindrical to a thin film geometry (Equation 3.2) and found that it accurately
describes the number of entanglements per chain as a function of film thickness
and chain length. The width of the entanglement depletion region, td , was shown
to scale with N0.2 compared to the N0.5 scaling observed in cylindrical confinement,
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likely due to changes in the curvature of the interface. Additionally, the number of
entanglements per chain was shown to decrease more in cylindrical confinement
for similar confining lengths.
Confined polymer diffusive behavior was examined by normalizing the
in-plane diffusion coefficient to the bulk diffusion coefficient, and it was shown
that Dnorm monotonically increases with increasing confinement, δfilm  2Rg,bulk/heff .
Furthermore, the normalized diffusion coefficients, can be shifted by a thickness
dependent term to produce a master curve with an exponential dependence on δfilm.
Finally, unlike cylindrically confined systems where chain segregation significantly
decreased diffusivity, we observe no slowing of diffusion in the thin film systems
studied, despite the polymer chains tending toward segregation as the film thickness
decreased. This is a result of the increased degrees of freedom afforded to the chains
due to only being confined in one dimension, resulting in minimal entropic barriers
to diffusion, even in the most confined systems.
Thisworkdemonstrates the complex effects of confininggeometry on confined
polymer behavior. Despite qualitatively similar conformational behavior, planar
and cylindrical confinement produce markedly different diffusive behavior. These
findings provide an important foundation to understanding increasingly complex
confinement geometries.
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Chapter 4
Slowed Diffusion of Polymers in Cylindrical
Confinement as Measured Using Elastic Recoil Detection
I would like to acknowledge Dr. J. Derek Demaree of the US Army Research Labo-
ratory, Aberdeen Proving Ground, MD for assistance with the ERD measurements
and Prof. Jin Kon Kim of Pohang University of Science and Technology (POSTECH),
South Korea for supplying the AAO templates used for preliminary measurements.
4.1 Introduction
Confined polymer dynamics have been an area of interest in the polymer physics
community for decades.1–3 It is widely known that polymer behavior is perturbed
under confinement, though there is currently disagreement about the exact nature
of the changes. Examining polymer properties under simple geometric confinement,
i.e., planar or cylindrical confinement, allows us to develop foundational knowledge
which we can later expand to more complex confining systems such as polymer
nanocomposites.
99
Much of the research on confined polymer dynamics has focused on under-
standing segmental dynamics in thin films, primarily by measuring changes in
glass transition temperature.4–12 Recent studies have examined polymer dynamics
under cylindrical confinement using a variety of techniques including inelastic
neutron scattering,13–18 nuclear magnetic resonance (NMR),19–22 and dielectric
spectroscopy.23 These techniques are useful for understanding polymer segmental
motions but, due to the short time and length scales accessible, it is difficult to
measure chain-scale dynamics, like diffusion, using these techniques, especially
for entangled polymer melts. Instead, the segmental motions are used to predict
diffusion coefficients using scaling laws, like the reptation model. The applicability
of models derived for bulk polymers to confined polymer dynamics is uncertain.
Alternative techniques for measuring confined polymer diffusion over larger
time and length scales include rate of capillary rise24 and elastic recoil detection
(ERD).25 While capillary rise measurements still have the disadvantage of not
directly measuring the diffusion coefficient (instead diffusion is calculated from
the measured polymer viscocity), ERD measurements directly measure polymer
motion over hundreds of nanometers, enablingmeasurements of polymer diffusivity
without resorting to scaling laws.
In addition to the difficulty of directly measuring polymer diffusion, the
different techniques used and systems studied make comparisons between experi-
ments difficult. For example, neutron spin echo measurements of polymer melts
100
inside aluminum oxide16–18 and silicon14,15 pores have shown that confinement
has no effect on16,17 or slows14,15,18 polymer diffusion, relative to bulk. However,
these studies used polymers, such as poly(ethylene oxide), that could adsorb to
the polymer walls, making it difficult to discern if the slowed diffusion is due to
polymer adsorption or geometric confinement. In non-attractive systems, NMR
measurements have suggested slowed diffusion,19,20,22 while ERD measurements
have shown a modest increase of up to 25% in the diffusivity of polymers confined
to alumina pores.25 Additional measurements of chain-scale polymer dynamics, in
non-attractive systems, are necessary to better understand how confinement affects
polymer diffusion, both in general and a a function of temperature.
In this work, we use ERD to measure 100 kgmol−1 polystyrene (PS) diffusion
into PS filled phenyl-capped anodic aluminum oxide (AAO) nanopores and bulk
PS films over a range of temperatures. We modify the traditional polymer ERD
technique by increasing the incident beam energy to increase the depth range of
the measurement in high stopping power materials. The ERD diffusion profiles
are analyzed using the solution to Fick’s second law for diffusion of a thin tracer
into a semi-infinite medium. The resulting diffusion coefficients are compared
between the bulk and confined samples and we use this data to calculate the excess
free energy barrier and excess entropic energy barrier due to confinement. We
find that the polymer diffusion coefficient decreases in AAO pores, in contrast to
previous simulations and ERD experiments, and that the decrease in diffusivity
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is larger at higher temperatures. We calculate the entropic free energy barrier to
be approximately 100–140 Jmol−1K−1 in 40 nm diameter AAO pores. Finally, we
show that when pore diameter is decreased to 20 nm the tracer polymer does not
diffuse into the pores. We attribute this to a significant entropic barrier that must be
overcome for the polymer to reconfigure itself, as well as the cooperative motion
necessary between the matrix polymer exiting and the matrix polymer entering
the pore. This work shows preliminary results measuring polymer diffusion in
cylindrical confinement using ERD and suggests future directions for research.
4.2 Experimental Methods
4.2.1 Materials
Diffusion couples consisted of a deuterated polystyrene (dPS) tracer polymer
diffusing into a protonated polystyrene (PS) matrix. The polymers were purchased
from Polymer Source Inc., Quebec, Canada, both with nominal molecular weights
of 100 kgmol−1. Table 4.1 shows the molecular weight (Mw) and polydispersity
(PDI) for the two polymers as well as the Rg and Ree. For atactic PS Rg and Ree were
calculated assuming aKuhn length of 1.8 nmand aKuhnmonomermolecularweight
of 720 kgmol−1.26 For atactic dPS, Rg and Ree were calculated assuming a statistical
segment length of 0.67 nm and monomer molecular weight of 112 g mol−1.27
Polymers were confined using anodic aluminum oxide (AAO) membranes
purchased from InRedox (Longmont, CO), with nominal pore diameters of 20 and
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Table 4.1. Matrix and Tracer Polymer Details.
Polymer Mw (kgmol−1) PDI Ree (nm) Rg (nm)
100k PS 106 1.04 21.8 8.9
100k dPS 110 1.06 21.0 8.6
Table 4.2. AAOMembrane Details.
Nominal Pore Average Pore Standard Porosity
Diameter (nm) Diameter (nm) Deviation (nm) (%)
20 19.5 3.6 10
40 52.2 4.6 12
40 nm. The AAO membranes were approximately 10mm in diameter and 100µm
thick and were characterized using scanning electron microscopy (SEM), as shown
in Figure 4.1, to measure the pore size and dispersity. Table 4.2 shows the average
and standard deviation of the measured pore diameters. The pore sizes yield
confinements (δ  Rg/rpore) of 0.88 and 0.33 for the 20 and 40 nm pore diameters,
respectively.
4.2.2 Sample Preparation
Prior to polymer infiltration, the AAO membranes were phenyl-capped via vapor
deposition of phenyltrimethoxysilane (PhTMS) at 70 ◦C for 6 h. Contact angle
measurements of water on the AAO membranes before and after phenyl-capping
show an increase in the contact angle, indicative of successful PhTMS deposition.
Details of the phenyl-capping procedure and contact angle measurements can be
found in Appendix C. After phenyl-capping, the AAO templates were infiltrated
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Figure 4.1. SEM images of the (a) 20-nmand (b) 40-nmdiameter pores from InRedox.
with PS through a combination of drop casting and melt annealing. Approximately
40µL of 10wt.% solution of PS in toluene was drop cast on the surface of the AAO
membranes and allowed to air dry. The solution readily wet the surface of the
membrane. After drying the membranes were annealed for approximately 4 days at
190 ◦C under nitrogen to ensure the PS infiltrated the pores and equilibrated. After
annealing, the AAO membranes were mounted to silicon wafers using a thermally
conductive epoxy (EP3HTSDA-2, Master Bond, Hackensack, NJ). The epoxy served
two purposes; increasing the strength and stability of the membranes and physically
blocking the holes on the bottom side of the membrane to prevent polymer from
flowing out during the diffusion annealing. The samples were annealed for 90min
at 130 ◦C to cure the epoxy.
Excess polystyrene was removed from the surface of the membranes by “spin
coating” toluene over the sample, wicking the excess PS away while leaving the
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infiltrated PS in the pores. Atomic force microscopy (AFM) images of the surface of
the AAO membranes before and after infiltrating and cleaning confirm full removal
of the excess PS and minimal removal of PS inside the pores. More information
can be found in Appendix D. A thin (∼30 nm) tracer film of dPS was prepared by
spin-coating onto a silicon wafer and measured using ellipsometry. The tracer film
was floated onto deionized water, transferred to a PS infiltrated AAO membrane,
and allowed to dry.
For bulk polystyrene diffusion couples, a thick PS film (∼100µm) was doctor
bladedonto a glass plate, cut intomultiple pieces (∼10mmsquare), and transferred to
a siliconwafer. The filmwas annealed at 110 ◦C for 1 h then 160 ◦C for approximately
24 h to remove stresses in the film and adhere the PS to the substrate. Tracer films
were transferred to the bulk films using the process described above.
The bulk and AAO diffusion couples were annealed at temperatures of T 
130, 140, 150, 160, and 170 ◦C with annealing times ranging from 5min to 140 h.
4.2.3 Tracer Diffusion Coefficients
The diffusion coefficients of the dPS tracer polymer were determined using elastic
recoil detection (ERD). ERD uses accelerated He2+ ions to forward scatter deuterium
(2D) and hydrogen (1H) from different depths within the sample.28 The detected
energy of the recoiled 2D, in conjunction with the incident energy of the He2+ ions
and the sample stopping power, can be used to calculate a depth profile of dPS in
the PS matrix. ERD measurements were taken using a standard sample orientation,
105
with the incident and scattered beams oriented 15° to the sample surface for a total
scattered angle of 30°. A Mylar filter is used to prevent forward scattered He2+ ions
from reaching the detector. Unless otherwise stated, the ERD measurements were
collected at the Army Research Laboratory, Aberdeen Proving Ground, MD with
the help of Dr. John Demaree.
Sample stopping powers were calculated with SIMNRA using a PS, (C8H8)n,
density of 1.04 g cm−3 and an alumina (Al2O3) density of 3.14 g cm−3. For the AAO
samples, the stopping power was calculated using a combination of PS and alumina,
weighted by the porosity of the membrane (12% for 40 nm pores). The bulk PS
samples were measured using an incident He2+ ion beam energy of 3.033MeVwhile
the AAO samples were measured with an incident energy of 4.033MeV due to the
higher stopping power of alumina. This adjustment of the technique for higher
beam energies is discussed more in Section 4.3.1. Composto et al. provide a detailed
description of ERD methods and analysis in their review paper.28
The depth profiles obtained from ERD are fit using the solution to Fick’s
second law convoluted with a Gaussian function representing the experimental
resolution. Based on Fick’s second law for a thin film diffusing into a semi-infinite
medium, the concentration profile of the tracer polymer is given by
Φ(x)  12
[
erf
(
h − x√
4Dt
+
h + x√
4Dt
)]
∗ Res. (4.1)
where Φ(x) is the tracer concentration as a function of depth, x; h is the thickness of
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Figure 4.2. Representative ERD data and fitting showing the different components
of the fitting curve (instrumental resolution, unannealed dPS profile, diffused dPS
profile, and convoluted diffusion profile). Data collected at the ion beam facility at
the University of Pennsylvania.
the tracer film (∼30 nm); D is the tracer diffusion coefficient; and t is the annealing
time. Res. denotes the function used to describe the experimental resolution and ∗
indicates a convolution. The diffusion coefficient, D, is the only fitting parameter
for the concentration profile. Experimental resolution is determined by measuring
an unannealed (t  0) diffusion couple and fitting a Gaussian distribution to the
resulting profile. The resolution is defined as the full width at half maximum
(FWHM) of that Gaussian curve.
Figure 4.2 shows a representative diffusion profile and the multiple compo-
nents necessary to calculate the fitted diffusion profile. The initial tracer film profile
is a step function with a dPS fraction of 1 and a thickness of 30 nm (in agreement
with ellipsometry) and the area under the curve is the total amount of dPS in the
system. The area under the diffusion profile curve and the convoluted diffusion
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profile curve are held equal to the area under the initial tracer film curve. The
measured ERD data is normalized to match the area under the convoluted diffusion
profile. This method allows us to quantify the fraction of dPS at a given depth
in the sample. The shape of the measured diffusion data, and therefore D, are
not affected by this scaling process. Figure 4.2 also shows the Gaussian profile
used for the experimental resolution. For the bulk PS measurements the FWHM is
approximately 90 nm and for the AAO measurements it is approximately 100 nm.
4.3 Results and Discussion
4.3.1 High Energy Elastic Recoil Detection
Elastic recoil detection to measure polymer diffusion is typically carried out with
a 3MeV He2+ ion beam and a 10µm mylar filter.28 This combination provides
a optimal balance of penetration depth (∼700 nm) and experimental resolution
(∼90 nm) for polymer samples. For confined polymer samples the stopping power
of the sample increases due to the AAO membrane, which in turn decreases the
measurable depth. For the 40 nm pores used in this experiment, the accessible depth
was reduced to less than 300 nm compared to the 700 nm typically accessible in bulk
polymer samples (Figure 4.3). This reduced depth range makes it more difficult to
accurately measure diffusion coefficients.
To increase the accessible depth we increased the ion beam energy to approx-
imately 4MeV, allowing us to measure to a depth of nearly 500 nm. The increase
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Figure 4.3. Deuterated PS diffusion profiles into 40-nm AAO pores measured using
ERD with incident beam energies of 3.022MeV (blue) and 4.033MeV (green). The
sharp upturn in the data is the leading edge of the 1H signal and is the limiting
factor for the depth range. Generally, increasing the incident beam energy increases
the accessible depth. The diffusion profiles are nearly identical over their accessible
depth ranges.
in beam energy required us to increase the Mylar filter thickness to 18µm to block
the forward scattered He2+ ions and prevent them from overwhelming the detector.
Increasing the Mylar thickness causes more straggling of scattered 2D and 1H atoms,
worsening the experimental resolution. However, the increased stopping power of
the AAO improves the experimental resolution, meaning we were able to maintain
an experimental resolution similar to what we observe in the bulk.
4.3.2 Polymer Diffusion in 40-nm AAO Pores
Figure 4.4 plots the volume fraction of dPS as a function of depth in bulk PS
and 40-nm AAO pores for several annealing times and temperatures. The solid
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Figure 4.4. Diffusion profiles of 100 kgmol−1 dPS into bulk PS (blue) and 40-nm
AAO pores (green) for (a) 15 h at 140 ◦C and (b) 60min at 160 ◦C. Polymer diffusion
is slower in the 40-nm AAO pores than in bulk PS.
lines are fits of Equation 4.1 to the data, using D as the fitting parameter. More
diffusion profiles can be found in Appendix E. For the same annealing times and
temperatures, it is clear that the dPS diffused further into the bulk PS than into
the AAO pores, indicating faster diffusion in the bulk. This behavior is contrary to
previous experiments24,25 and simulations25,29 that report faster diffusion coefficients
for cylindrically confined polymers.
Some of the difference in polymer behavior can be attributed to differences
in experimental design and the properties being measured. For example, Shin et al.
used the confined viscosity of a polymer melt, calculated from the rate of capillary
rise into AAO, to conclude that polymer diffusivity increases in confinement.24 This
technique examined polymer flow into an empty pore and indirectly calculated D.
With the experiments outlined in this paper we are directly measuring polymer
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diffusion into a filled pore. The discrepancy between these studies suggests the
equations relating viscosity and D in bulk polymers may not apply in confinement.
Our previous simulations also showed faster diffusion at similar and stronger
levels of cylindrical confinement (δ ≈ 0.4–1.6).25 However, these simulations mea-
sured diffusion of polymer chains at equilibrium inside an infinitely long cylindrical
pore, whereas, in the ERD experiments, tracer polymer must diffuse from the
surface of the sample into pores that are already filled with polymer.25,29 Because
the pore is a fixed volume, this requires matrix polymer chains inside the pore to
diffuse out so a tracer polymer can diffuse in, necessitating a significant amount
of cooperative motion and thus slower diffusion. Additionally, the confinement
requires the polymer chain adjust its conformation to fit in the pore. These processes
are included in the experimental measurements of confined diffusion but not in the
simulations.
Curiously, the ERD experiments by Tung et al. show faster diffusion with
increasing confinement, the opposite of what we observe here. It is not clear
why the diffusive behavior is different between these two studies using the same
method and similar procedures. With respect to materials, Tung et al. sourced AAO
membranes from Synkera Technologies Inc. with pore diameters of 18, 35, 55, and
80 nm and diffused 400 kgmol−1 dPS tracer polymer into 290 kgmol−1 hPS. These
yield confinements of ∼0.4–1.8, stronger then the confinements observed in our
experiments. From SEM images of their AAO membranes, we notice that the pores
are not as circular and well defined as in the membranes from InRedox.25
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In addition to differences in material, there were a few differences in sample
preparation. Most notable, is that Tung et al. did not phenyl-cap or otherwise treat
the surface of their AAOmembranes, choosing instead to use them with their native
oxide surface. The difference in interaction between the polymer and confining
wall in phenyl-capped and nonphenyl-capped membranes could alter the polymer
diffusivity, though one would expect diffusion to be faster in the more neutral
(phenyl-capped) samples. The AAOmembranes were also adhered to silicon wafers
using excess polymer, effectively leaving the bottom of the pores open and enabling
polymer flow out the bottom. It is possible that this allowed matrix polymer to flow
out the bottom of the pores, pulling in tracer dPS from the surface of the sample. In
this scenario, it seems reasonable that the results would qualitatively agree with
the trend observed by Shin et al., as Tung et al.’s experiments are now measuring
an effect similar to capillary flow of a polymer through a pore. Additionally, Tung
et al. measured the AAO confined samples using a 3MeV beam energy and were
therefore limited to a maximum depth of 300 nm. The reduced depth could lead
to inaccurate fitting of the diffusion profiles. The confined diffusion coefficients
measured by Tung et al. were only 25% faster in themost confined system, compared
to the approximately 3 times faster diffusion observed in simulations of similar
confinement.25,29 This qualitatively agreeswith our observations that ERDmeasured
diffusion coefficients will be slower than simulation measurements because ERD
accounts for the polymer moving from the surface into the pore.
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4.3.3 Effects of Temperature on Confined Diffusion
The diffusion coefficient of 100 kgmol−1 dPS tracer polymer diffusing into a
100 kgmol−1 hPS matrix is shown in Figure 4.5 as a function of 1000/T for the
bulk and 40-nm AAO pore systems. For all temperatures examined here, the
diffusion coefficient in the AAO pores, DAAO, is slower than the bulk diffusion
coefficient, Dbulk. The difference in diffusivity is greater for greater temperatures;
for T  170 ◦C, DAAO is nearly an order of magnitude slower than Dbulk. This
temperature dependence is similar to what has been observed for polymer diffusion
in nanocomposites.30 Tung et al. examined the temperature dependence of tracer
polymer diffusivity in polymer nanocomposites and found that the tracer diffusion
coefficient decreases with increasing particle loading and that the change in diffu-
sion is greater at greater temperatures. They explain this behavior as a result of
configurational entropy barriers. While we do not have enough data to examine
excess free energy and configurational entropy barriers as a function of confinement,
we can calculate these values for 40-nm AAO pores.
Like Tung et al., we can consider polymer diffusion in the AAO pores to be
perturbed from bulk polymer diffusion, due to an excess free energy barrier, such
that
DAAO(T)  Dbulk(T) exp
(
−∆FAAO
kBT
)
(4.2)
where ∆FAAO is the excess free energy due to confinement in the AAO pores.30
In Figure 4.6 we show ∆FAAO calculated from the data in Figure 4.5 and see that
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Figure 4.5. Diffusion coefficients as a functionof inverse temperature for 100 kgmol−1
dPS into bulk PS (blue) and 40-nm AAO pores (green). The difference in diffusivity
is greater at higher temperatures.
the excess free energy increases with increasing temperature, in agreement with
observations of polymer diffusion in nanocomposites.30 Unfortunately, due to
having diffusion data for only one pore size, we cannot show how ∆FAAO varies
with decreasing pore size. However, based on similarities to polymer diffusion in
nanocomposites, we speculate that ∆FAAO will increase with decreasing pore size.
Using the equation for the excess free energy barrier, ∆FAAO  ∆HAAO −
T∆SAAO, we can calculate the magnitude of the excess entropic free energy barrier,
|∆SAAO |, from the slope of the data in Figure 4.6. The variation in∆FAAO is very linear
from 403–433K but deviates at the highest annealing temperature of 443K. Because
this is the highest annealing temperature and required the shortest annealing times
(5–15min), the time required for the temperature of the sample to equilibrate makes
up a significant portion of the total annealing time. Due to differences in sample
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Figure 4.6. The excess free energy barrier,∆FAAO, (Equation 4.2) plotted as a function
of temperature for 100 kgmol−1 dPS diffusing into 40-nm AAO pores. The lines
represent fits of the free energy barrier equation to the data at all temperatures (green,
solid) and for T  403–433K (red, dashed). The slopes of the lines correspond to
the magnitude of the excess entropic free energy barrier, |∆SAAO |.
construction and thermal conductivity, the equilibration times for AAO and bulk
samples are likely to differ. When the annealing time is shorter, as is the case when
T  443 K, these differences in equilibration will have a greater effect on Dbulk and
DAAO (and therefore ∆FAAO). Depending on whether or not ∆FAAO at T  443 K is
considered when calculating the entropic free energy barrier, we can conclude that
|∆SAAO | is approximately 100–140 Jmol−1K−1.
The entropic barrier observed here for 40-nm AAO pores is about 4–5 times
greater than the entropic barrier observed in polymer nanocomposites with an
interparticle distance of 40 nm.30 It is unsurprising the barrier here is larger as the
interparticle spacing is the (average) minimum distance between two nanoparticles
and the polymer chain only occasionally experiences this level of confinement as it
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diffuses through the system. The AAO pore diameter, on the other hand, is constant
along the length of the pore and the polymer chain will continuously experience this
degree of confinement inside the pore. The constant versus occasional confinement is
a reasonable cause for the increased entropic barrier in cylindrical pore confinement
compared to nanoparticle confinement in a composite.
4.3.4 Polymer Diffusion in 20-nm AAO Pores
After measuring diffusion of 100 kgmol−1 dPS into 40-nm AAO pores we attempted
to measure diffusion into 20-nm pores. As shown in Figure 4.7, the ERD data show
no indication of the dPS tracer polymer diffusing into the AAO pores, the dPS
profile for the AAO sample is the same before and after annealing for 45min at
170 ◦C while the bulk sample shows significant diffusion. The lack of diffusion in
the AAO samples was observed for temperatures of 130–170 ◦C. This behavior is
most likely occurring because the tracer polymer is large compared to the pore size;
for 100 kgmol−1 dPS 2Rg  17 nm, approximately the same size as the 20 nm pore
diameter.
The similar sizes of the AAO pores and polymer Ree means the polymer must
significantly alter its conformation to fit inside the pore. The significant change in
conformation creates a large entropic barrier to the polymer entering the AAO pore,
with the barrier increasing as the pore size decreases and the polymer size increases.
This, however, is not the full story, as we know from ERD measurements that the
100 kgmol−1 matrix hPS polymer fully infiltrated the 20-nm AAO pores (Figure 4.8),
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Figure 4.7. Diffusion profiles of 100 kgmol−1 dPS into bulk PS (blue) and 20-nm
AAO pores (green). The dPS profile into 20-nm AAO pores lies on top of the
unannealed dPS profile (red).
despite this significant entropic barrier. However, the matrix infiltration was carried
out under very different conditions than the subsequent tracer diffusion. The pores
were initially empty and the infiltration was achieved through a combination of
solvent and melt annealing. The melt annealing was also carried out at a higher
temperature (190 ◦C) for a much longer time (4 days). In the case of the tracer
polymer, the dPS chains needed to diffuse into the already full AAO pore. As
discussed previously, this requires significant cooperative motion in addition to the
increased entropic barrier.
These results suggest a critical ratio between the polymer size and pore
diameter where the polymer transitions from being able to diffuse into the filled
pore to being unable to do so. Examining more polymer and pore size combinations
will allow us to determine where that transition occurs. It would be interesting to
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Figure 4.8. The full, raw ERD profile for an unannealed 20-nm AAO pore sample.
The sharp peak on the right is the 2D signal from the dPS tracer film and the large,
slightly sloping plateau on the left is the 1H signal from the PS matrix. The 1H signal
indicates that the AAO pores have been infiltrated with PS.
observe how the diffusive behavior of the tracer polymer changes as we approach
this transition; does the diffusion coefficient steadily decrease or is there a sharp
transition to no diffusion once the boundary is crossed? It is possible that reducing
the matrix molecular weight will increase the ability of a dPS tracer layer to diffuse
into a PS filled pore due to the increased mobility of the matrix polymer. However,
this would be offset to a certain extent by the entropic favorability of having the
smaller polymer chain confined to the pore. This is an interesting area to explore in
future studies.
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4.4 Conclusions
We used elastic recoil detection to measure polymer diffusion in phenyl-capped
cylindrical anodic aluminum oxide nanopores. The nanopores were initially
infiltrated with 100 kgmol−1 polystyrene and a 100 kgmol−1 deuterated polystyrene
tracer film (∼30 nm thick) was diffused into the pores. Diffusion coefficients, D,
were measured as a function of temperature, T  130–170 ◦C, for bulk and confined
PS systems. From these results the excess free and entropic energies were calculated.
The diffusion coefficient was found to decrease in confinement, relative to the
bulk diffusion coefficient, and the decrease in D is greater at greater temperatures.
In 40-nmAAO pores the diffusion coefficient decreased by an order of magnitude
relative to bulk for T  170 ◦C, while at T  130 ◦C the diffusion coefficient only
decreased by a factor of 3. This behavior is similar to the behavior of polymers
diffusing through a polymer nanocomposite and suggests the presence of an entropic
energy barrier to polymer diffusion, likely tied to the reconfiguration of the polymer
as it attempts to enter and diffuse through a nanopore. The temperature dependence
of polymer diffusion into additional pore sizes is necessary to verify that the behavior
we are observing is due to an entropic energy barrier. In the 20-nmAAO pores
the dPS tracer layer failed to diffuse into the pores for T  130–170 ◦C, suggesting
that polymer chains will not diffuse into a filled pore above a critical polymer to
pore size ratio. Our data currently suggest this transition occurs when the ratio
between polymer size and pore diameter is approximately 1 (2Rg ∼ dpore), though
more polymer and pore size combinations are necessary to confirm this.
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We also compare the conformational entropic energy barrier for polymer
diffusion in cylindrical pores to that of polymer diffusion in polymer nanocomposites.
For similar pore diameters and average interparticle spacings, the entropic barrier
in cylindrical confinement is 4–5 times greater in cylindrical pores, likely due to the
continuous nature of confinement in pores compared to the transient behavior in
nanocomposites.
While previous ERD experiments and simulations have shown increased
diffusion in confinement, the accessible depth of the experiments was limited and
the simulations only considered chains already at equilibrium inside a pore. Future
high energy ERD experiments could improve depth range and more accurately
measure polymer diffusion in AAO while future simulations could better capture
the experimental setup by diffusing a tracer layer into a filled pore. These future
studies would provide an interesting comparison to previous ERD experiments and
simulations of polymer diffusion in cylindrical confinement.
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Chapter 5
Measuring Confined Polymer Conformation Using Small
Angle Neutron Scattering and Dynamical Theory
Analysis
I would like to acknowledge Dr. Ronald L. Jones of the National Institute for Science
and Technology, Gaithersburg, MD for assistance collecting and analyzing SANS
data and Dr. Rana Ashkar of Virginia Tech, Blacksburg, VA for developing the DTA
algorithm used to simulate 2D SANS scattering patterns.
5.1 Introduction
Polymer conformation under confinement has been of interest to researchers for
decades.1 Understanding changes to polymer conformation, and not just dynamics,
in confinement provides uswith amore complete view of confined polymer behavior
and allows us to make connections between conformation and dynamics.
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There are several simulations2–4 and theories5,6 that examine the effect of
planar confinement on polymer chain conformation in both the confined (out-
of-plane) and unconfined (in-plane) directions. In general, these theories have
predicted that polymer Rg decreases in the confined direction as confinement
increases.2,5–7 In the unconfined dimension, theories that treat the polymer chains
as ideal random walks predict no change in Rg in the unconfined direction.5–7
When polymer excluded volume is included in the theoretic models, unconfined
Rg is expected to increase under strong confinement.2 Simulations of polymers in
thin film confinement agree with the theoretical predictions that include excluded
volume, Rg decreases within the plane of the thin film and slightly increases in the
out-of-plane direction.2–4
Attempts have been made to experimentally verify these theories and simu-
lations using techniques, such as neutron scattering. However, researchers have
been limited to measuring only the in-plane Rg (Rg,unconf ), which has been shown
to change less in confinement than the confined Rg (Rg,conf ). The small changes in
Rg,unconf likely contribute to the conflicting results of the studies, with some studies
reporting no change in Rg,unconf 8,9 while others observe an increase.10–12 Figure 5.1
plots the data from these experiments (Figure 5.1a) as well as from simulations
(Figure 5.1b) of polymers under planar confinement, showing how Rg decreases
significantly more in the confined dimension and how confined Rg has only been
measured in simulations. It should be noted that the experimentally measured thin
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Figure 5.1. Polymer Rg measured in the confined (open) and unconfined (filled)
directions from (a) experiments8–10,12 and (b) simulations.2–4 Simulations indicate an
increase in unconfined Rg as film thickness (d) decreases while experiments show
conflicting results with some studies reporting no change8,9 while others report
an increase.10–12 Only simulations have been able to measure Rg in the confined
dimension.
films are supported by silicon wafers and, therefore, under asymmetric confine-
ment, while in simulations the polymer films are confined by two parallel plates
(symmetric confinement).
Experimental measurements of thin films are limited to in-plane Rg mea-
surements due to sample geometry, the incident neutron beams are oriented
perpendicular to the surface of the thin films. To measure Rg in the confined
dimension the neutron beam would need to be oriented parallel to the thin film.
This is not feasible using the typical construction, where a thin film is supported
by a silicon wafer and several samples are stacked in the beam to generate enough
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signal from the polymer thin films. Rotating the sample stack such that the neutron
beam is parallel to the thin films would achieve the necessary orientation, however,
the substrate would occupy a significant amount of the sample volume, reducing
the signal-to-noise ratio.
In this study we use a new method of creating thin film confinement that
enablesmeasurements of confined Rg . In collaborationwith IBM,wehave developed
a unique template geometry, consisting of long, deep, and narrow channels that
can be infiltrated with polymer. The result is, effectively, a one dimensional array
of polymers in thin film confinement oriented parallel to the incident neutrons.
This unique geometry will allow us to simultaneously measure polymer Rg in the
confined and unconfined directions.
In this work, we use small angle neutron scattering (SANS) in an effort to mea-
sure polymer conformations of 100 and 400 kgmol−1 deuterated and hydrogenated
polystyrene blends confined to 350 nm deep and 40 nm wide channels in a phenyl
capped hybrid alumina silica template. To analyze the scattering from the hybrid
template we modified an existing dynamical theory analysis (DTA) model to apply
to transmission SANS measurements. We fit the DTA model to the empty scattering
template data and found good agreement between the fitted values in the model
and measurements of the template dimensions using scanning electron microscopy.
Applying the DTA model to the polymer filled templates, we determined that the
scattering from the templatewas too strong to isolate the scattering from the polymer
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chains and calculate Rg . We discuss techniques for alleviating these limitations in
future studies. Additionally, the Debye model was used to measure polymer Rg in
bulk films of 100, 200, 400, and 800 kgmol−1 polystyrene for different deuterated
and hydrogenated blends. We found that the measured values of Rg were in good
agreement with those predicted from the reported polymer molecular weight for
all but the 800 kgmol−1 blend. This work develops important tools and procedures
that lay the groundwork for future experiments examining polymer conformation
in thin film confinement.
5.2 Methods
5.2.1 Materials
Small angle neutron scattering samples consisted of deuterated and hydrogenated
polystyrene (dPS, hPS) blends infiltrated into hybrid alumina-silica channel tem-
plates. The deuterated and hydrogenated polystyrene was purchased from Polymer
Source Inc., Quebec, Canada, in nominal molecular weights of 100, 200, 400, and
800 kgmol−1. Table 5.1 shows the number and weight averaged molecular weights
and polydispersity (PDI) of the polymers as well as Rg and Ree. For atactic PS Rg
and Ree were calculated assuming a Kuhn length of 1.8 nm and a Kuhn monomer
molecular weight of 720 kgmol−1.7 For atactic dPS, Rg and Ree were calculated
assuming a statistical segment length of 0.67 nm and monomer molecular weight of
112 g mol−1.13
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Table 5.1. Polymer Molecular Weight, Polydispersity, Ree, and Rg.
Polymer Mn (kgmol−1) Mw (kgmol−1) PDI Ree (nm) Rg (nm)
100k PS 102 106 1.04 21.8 8.9
100k dPS 104 110 1.06 21.0 8.6
200k PS 200 214 1.07 31.0 12.7
200k dPS 195 228 1.17 30.2 12.3
400k PS 404 450.5 1.12 45.0 18.4
400k dPS 390 423 1.09 41.2 16.8
800k PS 820 934 1.14 64.8 26.5
800k dPS 783 942 1.20 61.4 25.1
The channel templates were fabricated at IBM Research – Almaden by Dr.
Daniel Sanders’ group using a combination of 248-nm photolithography and atomic
layer deposition (ALD). A detailed description of the procedure is described in
Appendix F and a schematic of the process is shown in Figure 5.2. The resulting
template is a hybrid structure of silica channels coated with a layer of alumina.
From SEM measurements (Figure 5.3), the final channels are approximately 350 nm
deep and 45 nm wide with a pitch of 400 nm. The alumina layer is approximately
55 nm and conforms to the silica surface. The aspect ratio of these channels (ratio of
depth to width) is extremely high for traditional nanofabrication techniques and
was only made possible by applying the ALD coating. As seen in Figure 5.3, the
channel walls have a slight taper making them wider at the top.
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Figure 5.2. Schematic image showing the process for fabricating the channel
templates. Details on channel fabrication can be found in Appendix F.
(a) (b)
Figure 5.3. Scanning electron microscope (SEM) images of the channel templates
showing (a) top and (b) cross-sectional views.
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5.2.2 Sample Preparation
The SANS samples were fabricated by infiltrating the channel templates with a blend
of dPS and hPS. Prior to infiltration, the templates were phenyl-capped using the
procedure described in Appendix C to reduce attractive polymer-wall interactions.
After phenyl-capping, a 0.25wt.% solution of a dPS/hPS blend, in toluene, was
drop cast on the templates and allowed to dry in air. The templates were annealed
for 24 h at 160 ◦C to remove excess solvent and ensure complete infiltration of the
polymer. Excess polymer on the template surface was removed using a solvent wash
by adding drops of toluene to the sample surface while the sample was rotating
(∼3000 rpm). This method was used previously to remove excess polymer from
anodic aluminum oxide membranes (Chapter 4).
Solutions of dPS and hPS blends were made with dPS/hPS ratios of 50/50,
70/30, and 85/15 byweight. Table 5.2 provides the scattering length densities (SLDs)
of these blends, as well as the pure dPS and hPS and the template components.
The scattering length densities were calculated using an online tool provided by
the National Institute of Standards and Technology (NIST) Center for Neutron
Research.14 Because the SLD of the template components (alumina and silica) differ
the polymer cannot completely contrast match the template, so there will always
be a scattering component from the template present in the SANS measurements.
The SLD of the 50/50 polymer blend roughly matches the SLD of the alumina and
silica in the template so the template scattering component will be reduced. The
133
85/15 blend provides additional scattering length contrast between the polymer and
template components and allows us to better incorporate the scattering components
from the template into our analysis.
Table 5.2. Scattering Length Densities (SLDs) of Polymers, Blends, and Template
Components.
Material Density (g cm−3) SLD (10−4 nm−2)
hPS, (C8H8)n 1.04 1.399
dPS, (C8D8)n 1.12 6.407
Al2O3 2.70† 3.877
SiO2 2.23† 3.523
50/50 dPS/hPS 1.08 3.815
85/15 dPS/hPS 1.11 5.621
†Al2O3 and SiO2 densities were measured by Dr. Daniel
Sanders’ group using X-ray reflectivity.
In addition to the confined polymer samples, bulk polymer films were made
by spin coating ∼1µm thick films of polystyrene on to silicon wafers and annealing
it at 160 ◦C for 24 h to remove excess solvent and equilibrate the polymer chains.
These bulk films were used to measure the bulk polymer Rg for each blend.
Due to the limited number of templates fabricated, it was necessary to reuse
templates between experiments. The templates were cleaned by soaking them in a
bath of toluene followed by cleaning in a UV-ozone cleaner and another rinse in
toluene. After cleaning, templates were phenyl-capped again and infiltrated with
polymer using the above procedure.
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5.2.3 SANSMeasurements
SANS measurements were made on the NGB 30m SANS beamline at the Center
for High Resolution Neutron Scattering (CHRNS) at the NIST Center for Neutron
Research (NCNR) in Gaithersburg, MD.15 Three sample-to-detector distances of 1.33,
4, and 13.17m were used with a neutron wavelength of 6Å to measure a q-range
of 0.0035–0.1Å−1. Source-to-sample aperture distances of 5.4, 8.5, and 14.7m were
used to improve the beam resolution. We used a 12.7mm diameter sample aperture
to ensure a high neutron flux through the sample, increasing signal and reducing
measurement times. Scattering patterns were collected for 1–3 h depending on
the detector distance. Both empty and filled templates were measured. To reduce
the background scattering samples were measured under vacuum. Section 5.3.1
discusses the efforts made to optimize the SANS measurements in more detail.
5.2.4 Data Reduction
The raw SANS patterns were reduced to one-dimensional absolute intensity patterns
using the SANS Data Reduction and Analysis software developed for Igor Pro by
the NCNR.16 For the template samples, the 2D SANS patterns were reduced to 1D
intensity versus q plots by taking 20° sector averages parallel and perpendicular
to the channel direction. Because the templates are periodic in one dimension
they scatter anisotropically as seen in Figure 5.4. The strong scattering in the
direction of the periodicity represents the scattering perpendicular to the channel
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Figure 5.4. Two-dimensional SANS pattern of an empty channel template taken on
the NGB 30m SANS beamline at NIST at a detector distance of 13m. The periodic
channels create a strong anisotropic scattering pattern. The 2D pattern is reduced to
1D using 20° sector averages in the direction of the strong scattering (perpendicular
to the channel direction) and at 90° to the strong scattering (parallel to the channel
direction).
wall (confined dimension). This is the scattering direction we are most interested
in, as this includes the scattering from the confined polymer, Rg,conf . The weakly
scattering direction, perpendicular to the channel walls, includes unconfined Rg .
Due to their radial symmetry, scattering patterns of bulk polymers were reduced
using a circular average.
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5.3 Results and Discussion
5.3.1 Optimizing SANSMeasurements of Channel Templates
Preliminary SANS measurements were made using templates with a 6mm square
patterned area, fabricated by patterning multiple 2mm square areas. It was quickly
determined that these sampleswere too small and resulted in scattering patterns that
were too noisy to interpret. New templates were fabricated with a larger patterned
area (22mm square), greatly improving the quality of the template scattering.
Figure 5.5 shows the reduced scattering patterns collected from these new tem-
plates when empty and when filled with 50/50 d/h blends of 100 and 400 kgmol−1
polystyrene and an 85/15 d/h blend of 400 kgmol−1 polystyrene. The scattering
pattern from the empty template differs from the filled templates, displaying a
strong local minimum in scattering intensity near qconf  0.015Å
−1, that is weaker
or absent in the filled template scattering. Additionally, for qconf > 0.02Å
−1 the
scattering intensity in the polymer filled samples is less than in the empty template.
These differences indicate there is polymer inside the channels.
While the scattering patterns differ between the filled and empty templates,
the filled templates have very similar scattering patterns, even between the 50/50
and 85/15 dPS/hPS polymer blends where one would expect the difference in
SLD contrast in the channel would change the overall scattering pattern. In the
unconfined direction, there is not a significant difference in the scattering behavior
between the filled and empty templates. There is no evidence of the polymer Debye
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Figure 5.5. Reduced SANS data for single channel templates along the (a) confined
direction and (b) unconfined direction. In both directions the scattering patterns are
similar for the empty and filled templates with the exception of the local minimum
in the scattering intensity near qconf  0.015Å
−1 for the empty template.
scattering pattern, or the characteristic −2 slope, along either qconf or qunconf direction.
We determined this was likely due to the small polymer scattering volume and
that the polymer scattering component was overwhelmed by the scattering from
the periodic template. To increase the amount of polymer, we decided to stack
templates in the beam path.
Figure 5.6 shows the scattering patterns collected for stacked templates.
Templatesfilledwith 50/50d/hblendsof 100, 200, 400, and800 kgmol−1 polystyrene,
as well as empty templates, were measured in stacks of 3. The most notable change
from the single template measurements is the lack of a decrease in scattering
intensity near q  0.015Å−1 for the empty templates. This is most likely due to
slight misalignments between the templates that smear the scattering pattern just
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Figure 5.6. Reduced SANS data for a stack of three channel templates along
the (a) confined direction and (b) unconfined direction. Due to slight template
misalignments, theminimumnear qconf  0.015Å
−1 for the empty template is absent.
Also, note the difference in qunconf for the 400 and 800 kgmol−1 PS blends that is
likely due to a greater amount of polymer in the sample.
enough to remove this scattering feature. The scattering patterns for the filled
templates are largely the same after stacking, though there is now less scatter in the
data and there is a well defined background scattering that was not apparent when
measuring single templates.
The scattering patterns from the 100 and 200 kgmol−1 filled samples are
nearly identical to each other, as are the 400 and 800 kgmol−1 scattering patterns.
At low qconf the scattering is most intense for the empty templates, followed by the
100 and 200 kgmol−1 samples and then the 400 and 800 kgmol−1 samples. Because
the SLDs for these polymers are similar, it is unlikely the difference in scattering
intensity is due to difference in scattering contrast within the template. These
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intensity changes also appear uncorrelated with changes in molecular weight. Thus,
we surmise that the differences are the result of uneven filling of the templates,
with fuller templates having lower SLD contrast and less overall scattering. In the
parallel direction the scattering in the 100 and 200 kgmol−1 filled templates is very
similar to bulk, while the 400 and 800 kgmol−1 filled samples display a weaker
qunconf dependence with a slope of −2, characteristic of the Debye function seen in
polymer scattering. However, I(qunconf ) for 400 and 800 kgmol−1 samples do not
have the characteristic turn over seen in the Debye function, so it is not possible to
calculate Rg from the data. These differences in I(qunconf ) imply that there is likely
more polystyrene in the 400 and 800 kgmol−1 samples. Whether all of the polymer
is confined in the channels or if there is significant excess polymer on the template
surface is difficult to determine.
Over several SANS sessions we were able to optimize and refine the mea-
surement setup to collect high signal, low noise scattering patterns of polymer
confined within the hybrid channel templates. We demonstrated that there is an
observable change in the scattering pattern after polymer is infiltrated into the
templates. However, due to the strong scattering signal from the periodicity of
the channel template, the polymer contribution to the scattering pattern is not
readily apparent. To isolate the effects of polymer scattering we must accurately
characterize the scattering from the channel template. In Section 5.3.3, we explain
how we used dynamic theory analysis to model the template scattering in an effort
to isolate the polymer scattering.
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Figure 5.7. Reduced SANS data for bulk PS blends shown with fitted Debye models
(Equation 5.1). With the exception of the 800 kgmol−1 PS blend, Debye model agrees
with the expected Rg based on MW .
5.3.2 Measuring Bulk Polymer Conformation
In addition to the confined polystyrene, several SANS measurements were made of
bulk PS films of different dPS/hPS blends, Figure 5.7. The polymer blendsmeasured
are given in Table 5.3, along with the expected and measured Rg , based on the
reported molecular weights (Table 5.1). The 1D reduced SANS data, I(q), for the
bulk polymers were fit using the Debye function:
I(q)  2
x2
(e−x + x − 1) (5.1)
x  q2R2g (5.2)
where I(q) is the scattering pattern intensity as a function of q, the magnitude of the
scattering vector, and Rg is the polymer radius of gyration.
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Table 5.3. Expected and Measured Rg for Several Polymer Blends.
Nominal Mw dPS/hPS Expected Measured |∆| |∆|
(kgmol−1) ratio Rg (nm) Rg (nm) (nm) (%)
100 50/50 8.6–8.9 9.6 0.7–1.0 7.9–11.6
100 85/15 8.6–8.9 9.2 0.3–0.6 3.4–7.0
200 50/50 12.3–12.7 12.1 0.2–0.6 1.6–4.7
400 50/50 16.8–18.4 21.1 2.7–4.3 14.7–25.6
400 85/15 16.8–18.4 18.4 0.0–1.6 0.0–9.5
800 50/50 25.1–26.5 39.7 13.2–14.6 49.8–58.2
As seen in Table 5.3, the bulk polymer Rg measurements are consistent with
the expected Rg based on the reported polymer molecular weights. For the 100,
200, and 400 kgmol−1 molecular weights the measured Rg is within 1–3 nm of the
expected values. In contrast, the 800 kgmol−1 polymer blend has an expected Rg
of ∼25 nm but was measured to be nearly 40 nm. Examining the fitted SANS data
in Figure 5.7 we see that the turn over at low q is very close to the cut-off of the
instrumental resolution, which prevents an accurate fit. Additional measurements
of the 800 kgmol−1 bulk samples at low q are necessary for an accurate measurement
of Rg .
5.3.3 Modeling Template Scattering Using Dynamical Theory Analysis
The confining templates consist of a 1D periodic array of channels etched into
silica and coated with alumina. Because alumina (SLD  3.877 × 10−4 nm−2) and
silica (SLD  3.523 × 10−4 nm−2) have different scattering length densities, it is not
possible to contrast match the average SLD of the polymer to that of the template.
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This means that there will always be a scattering contribution from the template
and that this scattering contribution must be accounted during the analysis.
We modeled the scattering of the template using a dynamical theory analysis
(DTA) based on a Blochwave expansion of the neutronwave function.17 Thismethod
has proven useful for analyzing the scattering patterns of 1D periodic gratings and
isolating the contribution of the material inside the gratings to the overall scattering
pattern.17–19 To isolate the scattering contribution related to polymer Rg , we first
use DTA to model the scattering from an empty template. Then, using these fitting
parameters we model the scattering pattern of a template with an SLD inside the
channel equal to the average SLD of a polymer blend. Examining the difference
between this modeled scattering pattern and the measured scattering pattern for a
filled template should isolate the scattering related to Rg . A detailed description of
DTA in neutron scattering is given by Ashkar et al. and a description of the method
used to fit the empty template scattering is provided by Zhang et al., a summary of
both will be given here.17,20
A schematic of the channel cross section is given in Figure 5.8a and demon-
strates how the template can be divided into layers, which each layer having a unique
periodic scattering length density profile. In Figure 5.8a the template cross section
is divided into three layers, layer one alternates between alumina and air; layer
two between silica, alumina, and air; and layer three between silica and alumina.
Each layer has a thickness, tl , where l is the layer number. As an incident neutron
143
1
L = 0
2
3
4
R0
R1
R2
R3
T1
T2
T3
T4
(a)
m = 0
m = 1
m = 2
m = -1
m = -2θ
λ
φ
…
…
(b)
Figure 5.8. (a) Schematic representation of the channel template demonstrating the
different layers used in the DTA model calculations. Transmission and reflection
coefficients, T and R, are shown at each layer boundary. (b) Schematic demonstrating
howan incident neutronwith orientational angles θ and φ andwavelength λ scatters
into multiple Bragg orders, m, after passing through the channel template.
interacts with the template it is scattered due to Bragg diffraction. The intensity of
each Bragg order can be calculated by solving the boundary conditions (continuity
of the neutron wavefunction and its z derivative) at each interface for each Bragg
order. The boundary conditions for a periodic grating with L layers are:
δ0,m + R0,m 
∑
n
[
R1,ne ip1,n t1 + T1,n
]
bn ,m (5.3)
−k0zδ0,m + p0,mR0,m 
∑
n
p1,n
[
R1,ne ip1,n t1 − T1,n
]
bn ,m (5.4)
∑
n
[
Rl ,n + Tl ,n e ipl ,n tl
]
bn ,m 
∑
n
[
Rl+1,n e ipl+1,n tl+1 + Tl+1,n
]
bn ,m (5.5)∑
n
pl ,n
[
Rl ,n − Tl ,n e ipl ,n tl
]
bn ,m 
∑
n
pl+1,n
[
Rl+1,n e ipl+1,n tl+1 − Tl+1,n
]
bn ,m (5.6)
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∑
n
[
RL,n + TL,n e ipL,n tl
]
bn ,m  TL+1,m (5.7)∑
n
pL,n
[
RL,n − TL,ne ipL,n tL
]
bn ,m  −pL+1,mTL+1,m (5.8)
Where R and T, respectively, are the reflection and transmission coefficients, p
represents the neutron wavevectors, and b represents the Bloch wave coefficients.
The subscripts l and L refer to layer numbers, where l is the layer number and L is
the number of layers in the template model (in Figure 5.8a L  3). The subscript
m indexes the diffraction order and is an integer that varies between −m0 and
m0 where m0 is the largest order considered in the calculation. Finally, n labels
eigensolutions associated with the Bloch wave expansion in the periodic layers
of the template. The boundary conditions are solved for the transmission and
reflection coefficients at each interface. Equations 5.3 and 5.4 are the boundary
conditions at the first interface (between layers 0 and 1), Equations 5.7 and 5.8 are
for the last interface (between layers L and L + 1), and Equations 5.5 and 5.6 are for
the remaining interfaces in the middle of the template (layers 1 < l < L).
The final transmission coefficients, TL+1,m , are used to calculate the intensity
of each scattered Bragg order leaving the template. Only Bragg orders with non-
imaginary initial and final wavevectors (p0,m and pL+1,m) are included in the final
scattering pattern calculation.
In practice, to model the template scattering pattern, an incident neutron
is randomly assigned a wavelength, λ, orientation, θ, and an azimuthal angle, φ,
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from a distribution based on the experimental setup (triangular distribution for
λ, Gaussian for θ, and uniform for φ). Using these parameters and the template
dimensions we can calculate the directions of each diffracted Bragg order and use
the boundary conditions in Equations 5.3 to 5.8 to solve for the exiting transmission
coefficients, TL+1,m (Figure 5.8b). We then add the intensity of each diffraction order
to a 2D map based on the direction of the Bragg order leaving the template and the
sample to detector distance; this 2D map mimics a 2D detector. This procedure is
performed for tens of thousands of model neutrons to model a 2D SANS scattering
pattern. For comparison to experimental SANS data, the 2D scattering pattern is
reduced to 1D by performing a 20° sector average along qconf .
This DTAmodel accurately models the scattering from only a single template,
as opposed to a stack of templates. While it is theoretically possible to model a stack
of templates, the slight misalignments between layers in the experiments cannot be
known or reliably reproduced, making their inclusion in the model unreasonable.
Based on this finding, comparison of the experimental SANS and DTA model are
limited to single templates.
Using a three layermodel theDTAmodelwasmanually fit to the experimental
I(qconf ). Figure 5.9a shows I(qconf ) from the SANS experiment and the 3-layer DTA
model for an empty template. The model accurately captures the scattering features
of the template at the 4 and 13m sample to detector distances. The dimensions from
the 3-layer DTA model are shown in Figure 5.9b and are in reasonable agreement
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Figure 5.9. (a) Reduced SANS data (circles) and DTA fits (lines) for a single empty
template for detector distances of 4 and 13m. The 4m data is shifted by 10−1.
The simple 3 layer DTA model fits the experimental data well with a few minor
differences, likely due to imperfections in the template. (b) Schematic of the channel
template showing the fitted dimensions used to calculate (a).
with the dimensions provided by Dr. Sanders’ group. The differences between
the model and experiment are most likely due to slight variation in the template
(channel width, rounding of edges, etc.) that are not included in the model. In the
next section we discuss how we used the 3-layer DTA model to attempt to measure
the radius of gyration of confined polymers.
Each layer has a number of independent fitting parameters, including channel
width and alumina thickness. More layers are needed in the model to capture
template features, like the rounded edges at the top and bottom of the template.
Thus, the DTA model was incorporated into a fitting algorithm that was used to
adjust the parameters of the template, including the number of layers, to match
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the model to the experimental data. The fitting algorithm is described in detail by
Zhang et al.20
5.3.4 Measuring Confined Polymer Conformation
After manually fitting the 3-layer DTA model to the empty template scattering data
(Figure 5.9a), we used this 3-layer DTA model to simulate a template where the
SLD of the channel was set to the average SLD of the polymer blend, in this case
3.82 × 10−4 nm−2 for a 50/50 dPS/hPS blend. The simulated scattering was then
subtracted from the experimental I(qconf ), Figure 5.10. It is clear that the remaining
scattering intensity does not follow the Debye scattering behavior characteristic of
polymer scattering. Similar results are found for the remaining single filled template
measurements.
The reason for this behavior is that the scattering from the template is
significantly stronger than the polymer scattering. In Figure 5.10 the scattering
intensities are plotted in absolute units (cm−1), allowing quantitative comparisons
of the scattering intensities of different samples. At low q (<2 × 10−2Å−1) we
see that the template scattering is more than two orders of magnitude stronger
than the scattering from the bulk polymer film. Because of this large difference in
scattering intensity, a simulatedmodel, that we could subtract from the experimental
data to isolate Debye polymer scattering, would need to be a nearly perfect fit to
the experimental data. The level of precision necessary in fitting the model to
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Figure 5.10. Reduced SANS data and 3-layer DTA model for a single template
filled with a 400 kgmol−1 50/50 dPS/hPS blend. The SANS pattern from the
bulk 400 kgmol−1 blend is also shown. While the 3-layer DTA model reasonably
captures some features of the experimental data at lower q, there is a large difference
between the model and experiment at higher q. The difference between the model
and experimental scattering patterns (dark red circles) does not look like the bulk
polymer scattering (light red line).
the experimental data is not feasible with our current measurement and analysis
methods.
In addition to the high level of precision necessary in the empty template
fitting, there is also the limitation that the volume of polymer in the sample that can
contribute to scattering is very small. Assuming completely filled channels, based
on the fitted channel width and depth of 39 nm and 350 nm and a pitch of 400 nm,
the polymer volume is similar to that of a 35 nm thick film, a very thin sample for
SANS. For reference, the bulk polymer films measured for these experiments were
on the order of 1µm thick and previous SANS measurements of thin films had to
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stack multiple films in the beam to get the required signal, without contending with
the strong template scattering we have here.8–11 Even without the strong scattering
from the template it is unlikely that there is enough polymer in the channels to
adequately measure polymer Rg .
As mentioned previously, it is not possible to stack the hybrid templates in
our experiments, as slight misalignments between templates when stacking cannot
be incorporated into our 3-layer DTA model in a reproducible manner. Fabricating
new templates of a single material and scattering length density would overcome
this limitation by allowing contrast matching of the polymer blend to the new
template SLD. Contrast matching will reduce the scattering from the periodicity of
the template to nearly zero, allowing the majority of the scattering to come from
the polymer chains. Because template scattering will be reduced to near zero, it
would be possible to stack filled templates in the neutron beam to increase the
polymer scattering volume, without worrying about slight channel misalignment.
The channels used in this study have a depth to width ratio of ∼9:1 which is at the
leading edge of what is possible with current fabrication technologies. Creating
templates of deep channels, with widths narrow enough to observe confinement
effects, using a single etching step and no ALD coating is beyond current fabrication
capabilities. While single SLD templates with appropriate dimensions could not be
fabricated for this study, future experiments could use deep channel templates to
directly measure the confined polymer radius of gyration.
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5.4 Conclusions
We attempted to use small angle neutron scattering and dynamical theory analysis
to measure polymer conformation under rigid planar confinement in a hybrid
alumina-silica template. The channel templates were phenyl capped and infiltrated
with blends of deuterated and hydrogenated polystyrene with molecular weights
of 100 and 400 kgmol−1 and dPS/hPS ratios of 50/50 and 85/15 by weight. SANS
scattering patterns were collected for filled and empty channel templates in both
single and stacked configurations. Additionally, bulk polymer SANS patterns
were collected for 50/50 and 85/15 d/h blends of 100, 200, 400, and 800 kgmol−1
polystyrene. The bulk polymer scatteringwas analyzed using theDebyemodelwhile
a 3-layer DTA model was used to analyze scattering from the channel templates.
Despite efforts to optimize the SANS measurement conditions to increase
polymer scatteringvolumeanddecrease scattering from the template, wedetermined
that scattering from the hybrid templates is too strong and the polymer scattering
too weak to reliably determine the Rg of confined polymers. While stacking the
templates increased the volume of polymer in the beam, we could not incorporate
stacked templates (and the associated misalignments) into our DTA scattering
model, limiting our analysis to single templates. In a single template the polymer
volume is equivalent to a ∼35 nm thick polymer film, and thus too thin to reliably
measure even without the strong scattering from the template.
The radius of gyration of polymers in bulk polymer films was also measured
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for comparison to the confined Rg measurements. Using the Debyemodel to analyze
the bulk polymer SANS patterns, we found good agreement between the measured
Rg and the Rg predicted from the manufacturer reported molecular weighs, except
for the 800 kgmol−1 blend where low q data is needed.
While we were unsuccessful in measuring the polymer conformation in
channel templates we have significantly improved our understanding of what is
required to collect and analyze SANS data for this system. We developed a 2D
dynamical theory analysis model suitable for analyzing SANS data from 1D periodic
structures and successfully applied this model to our empty template scattering.
Using this model we can predict the scattering patterns of confining templates
prior to fabrication as well as test the effect of different measurement conditions
(including sample orientation) on the final scattering patterns. This will make it
easier to design and evaluate future templates for SANS experiments.
Additionally, we’ve determined that, for these experiments, uniform scatter-
ing length density templates are essential to discern the polymer conformations
in symmetric planar confinement. A single SLD deep channel template allows
contrast matching between the polymer to the template, effectively eliminating the
scattering contribution of the template. As the DTA model will no longer be needed
to account for the template scattering, this method should also allow us to stack
multiple templates in the beam to further increase the polymer scattering volume
and signal. Ideally, future templates can also be fabricated with narrower channel
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widths while maintaining the same channel depth. A channel width of ∼30 nmwith
400 kgmol−1 PS would create a confinement of ∼0.85, enough to see Rg,conf reduced
by 40% compared to bulk. This study identified the challenges of measuring
polymer conformations in deep channel templates and laid the groundwork for
future experiments.
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Chapter 6
Summary and Future Work
In this thesis we studied polymer conformation and diffusion in confinement using
a combination of computational and experimental techniques. The first half of the
thesis focuses on computational work. We use simulations to investigate the changes
in polymer conformation (including Rg , κ2, and entanglement network) and center
of mass diffusion in cylindrical and thin film confinement and draw comparisons
between the two confining geometries. The focus of the second half is experimental
work. We use elastic recoil detection (ERD) to examine the temperature dependence
of polymer diffusion into cylindrical pores in AAO membranes and small angle
neutron scattering (SANS) to experimentally observe confined polymer Rg . In this
chapter we summarize the findings of the aforementioned studies and suggest
future research directions.
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6.1 Summary
In the first half of this thesis we examine the effects of geometric confinement on
polymer conformation and diffusion using molecular dynamics simulations. In
Chapter 2 we simulate polymers with chain lengths of N  25–500 confined to
cylindrical pores of radius r  2.5–20 σ. These systems span the unentangled to
entangled polymer regimes as well as the weak to strong confinement regimes,
including confinement regimes where the polymer chains segregate. In Chapter 3
we simulate similar polymer chain lengths (N  25–400) confined between parallel
plateswithfilm thicknesses of h  3.5–40 σ. These systems also span theunentangled
to entangled polymer regimes and the most confined systems are shown to be
tending toward segregation. These very similar simulation setups facilitated a
comparison of the effects of confining geometry (cylindrical versus planar) on
polymer conformation and diffusion for similar degrees of confinement (δcyl  Rg/r,
δfilm  2Rg/h). In general, the changes in polymer conformation followed similar
trends (with larger changes occurring in cylindrical confinement), while the changes
in the diffusion behavior were significantly different.
For polymer conformation, we examined the polymer Rg in the confined
(Rg,conf ) and unconfined (Rg,unconf ) dimensions, the average shape anisotropy param-
eter (〈κ2〉), and the number of entanglements per chain (Z). We found that Rg,conf
decreases as confinement increases and that Rg,conf is the same in thin film and
cylindrical geometries for similar degrees of confinement. Conversely, Rg,unconf was
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found to increase as confinement increased, with Rg,unconf in cylindrical confinement
increasing more and at lower levels of confinement than in thin film confinement.
The shape anisotropy behavior was shown to differ slightly between cylindrical and
planar confinement, though they followed similar trends. In both geometries, 〈κ2〉
was approximately bulklike (〈κ2〉 ≈ 0.4) when confinement was minimal. In the
cylinders, as confinement increased, we saw a slight decrease in 〈κ2〉 to ∼0.3 near
δ  1 followed by a dramatic increase to approximately ∼0.8 in the most confined
systems. The thin films displayed similar behavior, though the decrease in 〈κ2〉 at
δ  1 was smaller and in the most confined systems 〈κ2〉 was constrained to ∼0.55,
equivalent to 〈κ2〉 for a 2D random walk. The Rg and shape anisotropy behavior
observed here are an excellent example of how confining geometry affects polymer
behavior. While the underlying trends in the confined polymer conformation were
the same in both cylindrical and planar confinement, increasing the number of con-
fined dimensions, from one in planar confinement to two in cylindrical confinement,
increases the magnitude of the changes in polymer conformation.
We see this behavior again when we examine how the number of entan-
glements per chain is affected by confinement. In both cylindrical and thin film
confinement Z decreases as the confining length (r or h) decreases and we observe
a greater decrease in cylindrically confined polymers for similar confining lengths
(2r ≈ h). Additionally, examining the distribution of entanglements within the
cylinders and thin films, we found that the entanglement density was depleted near
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the pore wall and bulklike in the center. Using this information, we developed
volume fraction models that accurately describe the observed changes in Z as a
function of confining length. The similarities in the entanglement behavior and the
ability to describe the behavior in both confining geometries using similar models
suggest these observations may be valid for a wide variety of regular and irregular
confining geometries.
While the polymer conformational changes in cylindrical and planar con-
finement follow similar trends, the diffusive behavior for polymer confined to the
two geometries is very different. Specifically, polymer diffusivity in cylindrical
confinement varies nonmonotonically with increasing confinement and diffusion in
planar confinement increasing monotonically. We used the center of mass mean-
squared displacement to measure polymer diffusion along the axis of the confining
cylinder and within the plane of the thin films. In both geometries, under weak to
intermediate confinement, the confined diffusion coefficient increases relative to the
bulk diffusion coefficient. This is due to the decrease in entanglement density as
confinement increases. As confinement increases further, the diffusive behavior in
the two geometries begins to diverge. In cylindrical confinement, polymer chains
segregate as mixing becomes entropically unfavorable. The segregation creates
large entropic barriers to polymer diffusion as polymers must now significantly alter
their chain conformations to pass each other within the pore. In planar confinement
the diffusivity continues to increase as confinement increases. While self monomer
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density measurements of the polymer chains in the thin films indicate the chains are
tending toward segregation, there is no indication of diffusion slowing. This is due
to the increased degree of freedom, relative to cylindrical confinement, available
in planar confinement. The polymer chains are not required to pass through each
other to diffuse, instead they can diffuse around each other, greatly decreasing
the entropic barrier for polymer motion and allowing the diffusion coefficient to
continually increase as the entanglement density decreases in planar confinement.
These simulations show that the diffusive behavior of polymers confined
to different geometries can differ greatly despite similarities in conformational
properties. This is important to consider when comparing polymer behavior in
different confining environments (e.g., nanopores, thin films, nanocomposites, etc.),
especially when calculating diffusion coefficients from conformational properties
using scaling laws, like the reptation model, that were developed for bulk polymers.
Thesemodels often do not contain all of the necessary parameters to predict diffusion
in confinement.
The second half of the thesis focuses on experimental measurements of
confined polymer behavior, namely ERD measurements of polymer diffusion into
cylindrical confinement and SANS measurements of polymer conformation in thin
film channels. In Chapter 4 we use ERD to measure the diffusion coefficient, D, of
100 kgmol−1 deuterated polystyrene into 40-nm diameter (δcyl  Rg/rpore  0.33),
phenyl-capped, cylindrical anodic aluminum oxide (AAO) nanopores as a function
161
of temperature, T  130–170 ◦C. Overall, the temperature dependence of the
polymer diffusivity in cylindrical pores was found to be similar to polymer diffusion
in nanocomposites. Polymer diffusivity decreased in confinement and the decrease
was greater at higher temperatures. For T  130 ◦C, D decreased by a factor of
three, while for T  170 ◦C, D decreased by an order of magnitude. The results
were used to calculate the entropic free energy barrier for polymer diffusion in
cylindrical confinement and we concluded that |∆SAAO | ≈ 100–140 Jmol−1K−1. This
entropic barrier is 4–5 times greater than the entropic barrier in nanocomposites
with interparticle spacings similar to the pore diameters.
The difference in observed diffusion behavior between the simulations in
Chapter 2 and the ERD measurements in Chapter 4 likely arise from differences
between the simulations and experimental setups. In the simulations, polymer
chains begin diffusion at equilibrium inside an infinitely long pore, while in the
ERD experiments the polymer chains start outside the pores and must alter their
conformations and exchange places with confined chains already inside the pores
for diffusion to occur. This creates a large entropic barrier to diffusion in the
ERD experiments that was not incorporated into the simulations. This energetic
barrier is also likely the reason we observed no diffusion of the 100 kgmol−1 tracer
polymer into the 20-nm diameter pores (δcyl  0.88). The entropic barrier for tracer
chains to exchange with matrix chains was too large so diffusion did not occur.
These ERD experiments demonstrate that we must be cautions when applying the
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results of simulations to real world, physical systems. Care must be taken to ensure
computational and experimental systems are measuring the same processes and
that discrepancies in setup between the systems are known and appreciated.
In Chapter 5 we apply SANS and dynamical theory analysis (DTA) to
measure the conformation of polymers confined to thin film-like channels. Our
IBM collaborators we fabricated hybrid alumina-silica templates consisting of a
1D array of 40 nm wide and 350 nm deep channels, effectively replicating a planar
confinement geometry. The unique template design allowed polymer scattering to
be measured, simultaneously, in the confined and unconfined dimensions.
Using a DTA model developed for analyzing SANS patterns, we were able to
accurately reproduce the scattering from a single empty channel template. However,
when we attempted to apply the model to a polymer-filled channel template, we
determined that the polymer scattering was too weak and the template scattering
too strong to isolate the Rg scattering of the polymer. The volume of polymer in
a single filled template is equivalent to a 35 nm thick polymer film. In an effort to
increase the polymer scattering volume we stacked multiple templates in the beam.
Unfortunately, this made the DTA model less accurate as slight misalignments
between templates could not be incorporated into the model.
Despite being unable to measure polymer Rg in confinement in this instance,
we were able to develop a greater understanding of the system and several tools
to help successfully measure confined Rg in the future. The newly developed
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DTA model allows us to predict scattering patterns of different confining templates
prior to fabrication and test measurement conditions without visiting a beamline,
making it faster and easier to develop new templates and design new experimental
configurations. We were also able to conclude that homogeneous templates with
uniform scattering length densities (SLDs) are necessary for discerning polymer
conformation in confinement. Using templates with a uniform SLD enables contrast
matching of the confined polymer blend to the confining template, effectively
eliminating the template scattering and allowing us to stack multiple templates in
the beam to further increase polymer scattering signal. The results of this SANS
study laid important groundwork for the success of future experiments.
The results presented in this thesis expand our knowledge of confined
polymer behavior. Simulations of polymers under simple geometric confinement
reveal the effect the number of confining dimensions has on polymer behavior. The
results demonstrate how polymer diffusive behavior in confinement can drastically
differ between confining geometries, despite similar changes in conformational
behavior; implying that predicting polymer diffusion from polymer conformation
is not always accurate. We have also expanded application of complex modeling
to neutron scattering experiments, paving the way for future studies of confined
polymer systems. As with any large research project, many interesting questions
and ideas for future studies arose over the course of this thesis work that, while
interesting, could not be explored at the time. A selection of these future studies are
discussed in the next section.
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6.2 Future Work
6.2.1 Simulations of Confined Polymer Diffusion with Attractive
Polymer-Wall Interactions
The confined polymer simulations in this thesis were performed on systems with
athermal or neutral polymer-wall interactions (Chapters 2 and 3). While this
condition is trivial to achieve in simulations, it is difficult to achieve perfectly neutral
interactions in experimental systems. In the experiments performed as part of
this work, we phenyl-capped the confining surfaces to reduce the polymer-wall
interactions as much as possible (Chapters 4 and 5). Even so, it is very likely that a
non-zero amount of attraction between the polymer and confining walls remain.
To draw better comparisons between computational and experimental results it is
necessary to simulate polymer diffusion in systems with attractive polymer-wall
interactions.
While it is clear that including attractive interactions will slow polymer
diffusion under cylindrical and planar confinement relative to the non-attractive
case, it will be interesting to observe how the effects of chain disentanglement and
attraction compete. Increasing polymer confinement will increase the polymer
diffusivity (assuming no chain segregation in cylindrical confinement), however, the
fraction of polymer near the interface will also increase, causing a greater fraction
of polymer to be slowed at the interface and decreasing the overall diffusivity. It is
possible that for weakly attractive systems, under intermediate confinement, that
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the effect of chain disentanglement can overcome slowing due to the attractive
interface, leading to faster diffusion than in bulk. This is more likely to occur under
planar confinement because the fraction of polymer near the interface is smaller.
6.2.2 Simulations of Confined Polymer Diffusion in Cylindrical Pores as a
Function of Temperature
Simulations of cylindrically confined polymers at different temperatures will enable
us to examine the effects of temperature on confined polymer diffusivity. Varying
the temperature varies the entropic contribution to the polymer free energy. Because
the previously observed polymer chain segregation is an entropic effect, changing
the temperature should change the pore radius at which the dispersed-segregated
transition occurs. Shifting this transition will also change the polymer diffusivity
as a function of pore radius. Increasing the system temperature will increase the
entropic contribution to free energy, likely shifting the segregation transition to
higher radii, resulting in a decrease in confined polymer diffusivity, relative to bulk,
for a given pore size.
6.2.3 Examining Polymer Infiltration into Cylindrical Pores Using Simulations
and ERDMeasurements
The discrepancies between the results of Chapter 2 and Chapter 4 indicate the
necessity of understanding polymer infiltration into cylindrical pores. In Chapter 2
polymer chains begin their diffusion equilibrated inside a pore, bypassing the
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thermodynamics and kinetics involved with the initial infiltration. This is not a
realistic comparison to the ERD experiments in Chapter 4 where polymer chains
needed to alter their conformation to fit in the pore and exchange places with the
polymer already inside the pore.
These proposed simulations will mimic the experimental setup (a matrix
polymer filled pore with tracer polymer in a layer on top) and we will be able to
observe how and over what timescales the polymers mix for different combinations
of pore size, tracer and matrix polymer chain length, and temperature. In Chapter 4
we only studied diffusion of one polymer molecular weight into two sizes of
cylindrical pore and only observed polymer infiltration for the larger pore size.
Examining additional pore and polymer size combinations will helps us better
understand the factors affecting polymer infiltration. For example, we currently
believe that the ratio between pore and polymer size is what defines the ability of
a polymer to infiltrate a filled pore. Studying additional systems where the ratio
between pore and polymer size is kept constant will help reveal if the ability of a
polymer to infiltrate is simply dependent on the pore-polymer size ration or if there
are more complex factors affecting infiltration (such as annealing temperature).
By examining polymer infiltration into filled cylindrical pores over a range of
molecular weights, pore sizes, and temperatures using experiments and simulations,
we could develop a phase diagram describing a tracer polymer’s ability to infiltrate
a cylindrical pores. This study would help us better connect simulations and
experiments and help inform future future diffusion experiments in similar systems.
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6.2.4 ERDMeasurements of Polymer Diffusion into Confining Channels
In Chapter 4 we used ERD to measure polymer diffusion into cylindrical pores.
We could extend this study to diffusion in planar confinement using our existing
channel templates. This would allow us to measure polymer diffusion within the
plane of a rigidly confined thin film. Current in-plane measurements of polymer
diffusivity typically use the fluorescence recovery after patterned photobleaching
(FRAPP) method, limiting the experiments to supported thin films with a free
surface. The different interface types (free and rigidly confined) in these systems
can make interpretations of the data difficult. Measuring polymer diffusion within
a channel template would more accurately mimic the confining environment in
different systems, for example, between two platelets in a nanocomposite. The
interpretation of this data may also be simplified because we would not need to
consider different polymer behavior at each interface.
Due to the relatively finite depth of the channel templates (350 nm) the
diffusion profile fitting will need to be adjusted to model diffusion into a medium
of finite thickness. This is fairly simple and can be done by treating the bottom of
the channels as reflecting boundaries. The channel templates themselves have a
similar porosity to the AAO membranes (∼10%), suggesting the accessible depth
range will be similar for the two systems. This means the ERD measurements could
be done at 3MeV to improve resolution and make up for the finite matrix thickness.
Unlike the diffusion into the cylindrical pores, tracer polymer infiltration into
the channels may not be prevented when the polymer size and channel width are
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similar. Polymer chains will not need to deform their conformations as significantly
and there is more space available for matrix and tracer polymer exchange to occur.
Performing these experiments would expand our knowledge of how polymer diffuse
in confinement.
6.2.5 SANS of Polymer Confined to Homogeneous Channel Templates
As mentioned in Chapter 5, confining polymer in homogeneous channel templates
will greatly increase the likelihood of success in measuring the confined Rg of a
polymer under planar confinement using SANS. Because the homogeneous template
would bemade of a single material, the entire template will have a single SLD, unlike
the hybrid templates previously used. The single SLD means we will be able to
use contrast matching techniques and match the average SLD of the polymer blend
to the SLD of the template, making the template effectively invisible for the SANS
measurements. In Appendix G we demonstrate contrast matching by determining
the SLD of AAO membranes by measuring the change in total scattering intensity
over a variety of D2O and H2O blends. Removing the template scattering by contrast
matching the polymer would greatly reduce template scattering and allow us to
stack templates in the beam, greatly increasing polymer scattering volume.
The future work described here will continue to improve our knowledge of confined
polymer behavior under both cylindrical and planar confinements, as well as
strengthen connections between experimental and computational research.
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Appendix A
Supporting Information for Chapter 2
A.1 Energy Barriers to Diffusion in Cylindrical Confinement
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Figure A.1. (a) Entropy and (b) potential of mean force for two polymer chains
separated by a distance z in a pore of radius 3.5 σ. Note how the energetic and
entropic barriers are greatly reduced in the larger 3.5 σ radius pores compared to
the 2.5 σ radius pores in Figure 2.8.
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A.2 No Evidence of Caging in Confined Diffusion
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Figure A.2. The mean squared displacement, 〈r2〉, versus time curve for the most
confined system, r  2.5 σ and N  200. The data show no evidence of caging.
Additionally, the plot demonstrates how 〈r2〉 profiles calculated using chain center
of mass and using individual monomers converge at long times, but the diffusive
regime is apparent earlier when using center of mass.
A.3 Plots of dMSD/dt vs. t
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Figure A.3. Plots of (d〈r2〉/dt)/2 as a function of the Lennard-Jones (LJ) time. 〈r2〉
was calculated using the centers of mass of the polymer chains. A plateau in the
profile indicates the diffusive regime has been reached. The horizontal lines show
the time window over which D was calculated.
172
A.4 Cylindrical Confinement Simulation System Details
Table A.1. Film Dimensions, Chain Lengths, and Number of Chains for Each
Simulation System.
nominal radius, chain length, number of pore length, effective radius,
h (σ) N chains l (σ) heff (σ)
2.5 25 160 355.81 2.05
50 80 355.81 2.05
100 50 444.70 2.05
200 50 883.99 2.06
3.5 25 160 161.30 3.05
50 80 161.30 3.05
100 50 201.34 3.05
200 50 398.88 3.07
5 25 160 71.61 4.58
50 80 71.61 4.57
100 100 179.28 4.58
200 50 179.28 4.57
350 30 188.25 4.57
500 20 179.28 4.57
7 25 280 60.67 6.57
50 280 121.35 6.57
100 140 121.35 6.57
200 70 121.35 6.57
350 40 121.35 6.57
500 30 130.23 6.57
10 25 160 20.37 9.59
50 80 20.37 9.59
100 50 30.63 9.58
200 50 40.86 9.57
14 25 160 20.35 13.57
50 80 20.35 13.57
100 50 24.42 13.57
200 50 28.48 13.57
20 100 50 24.47 19.56
200 50 24.47 19.56
Continued on next page
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nominal radius, chain length, number of pore length, effective radius,
h (σ) N chains l (σ) heff (σ)
bulk† 25 200 18.05
50 200 22.74
100 100 22.74
200 100 28.66
350 90 33.34
500 80 36.10
†Bulk simulations were performed in a cube of side length l.
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Appendix B
Supporting Information for Chapter 3
B.1 Plots of dMSD/dt vs. t
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Figure B.1. Plots of (d〈r2〉/dt)/4 as a function of the Lennard-Jones (LJ) time,
(d〈r2〉/dt)/6 for the bulk systems. 〈r2〉 was calculated using the centers of mass of
the polymer chains. A plateau in the profile indicates the diffusive regime has been
reached. The horizontal lines show average D and the time window over which it
was calculated.
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B.2 Discussion of Z1 vs. CReTA Algorithms
Figure B.2. Entanglements per chain, Z, plotted as a function of effective film
thickness, heff , calculated using the CReTA1 (filled) and Z12 (open) primitive path
algorithms. For h > 7 σ the two algorithms are in excellent agreement, but the Z1
algorithm begins to diverge as the film thickness further decreases.
Previous studies have shown or suggested that the CReTA1 and Z12 primitive
path algorithms provide similar results in bulk and confined conditions,3–5 however,
our current study indicates that the two algorithms diverge below a critical confining
length, specifically heff < 7 σ. Figure B.2 shows the number of entanglements per
chain calculated using the CReTA (filled) and Z1 (open) primitive path algorithms.
For heff > 7 σ CReTA and Z1 are in good quantitative agreement but begin to strongly
diverge for smaller heff . While the exact cause of the discrepancy is unknown, it
has important implications for using the Z1 algorithm to examine the entanglement
networks of highly confined polymer chains. The discrepancy appears to be related
to the absolute thickness of the film and not the degree of confinement, as evidenced
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by Zconf from the Z1 algorithm diverging from CReTA at the same film thickness for
each chain length. For this study we calculated the primitive path network using
the CReTA algorithm because it gave a reasonable number of entanglements per
chain over the full range of film thicknesses simulated.
B.3 Self Monomer Density Comparison
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Figure B.3. Self monomer density, ρself (r), profiles as a function of radial, in-plane
distance from the chain center of mass, normalized by Rg,bulk, for all N in bulk
calculated using a 3D radial average (solid) and a 2D slice radial average (dash-
dotted). The 3D and 2D slice averaging are in good agreement with each other,
especially for large N. While the slice method overpredicts ρself for smaller N,
comparisons to other calculations of ρself using the slice method are still valid.
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B.4 Thin Film Confinement Simulation System Details
Table B.1. Film Dimensions, Chain Lengths, and Number of Chains for Each
Simulation System.
nominal thickness, chain length, number of side length, effective thickness,
h (σ) N chains l (σ) heff (σ)
3.5 25 160 41.91 2.67
50 100 46.89 2.67
100 80 59.44 2.66
200 50 66.51 2.66
400 50 94.03 2.66
5 25 160 33.49 4.20
50 100 37.47 4.19
100 80 47.48 4.18
200 50 53.11 4.17
400 50 75.27 4.15
7 25 160 27.67 6.15
50 100 30.95 6.14
100 80 39.17 6.13
200 50 43.77 6.14
400 50 61.93 6.13
10 25 160 22.67 9.16
50 100 25.34 9.16
100 80 32.09 9.14
100 50 35.86 9.15
200 50 50.74 9.14
14 25 200 21.15 13.15
50 100 21.15 13.15
100 80 26.74 13.16
200 60 32.77 13.14
400 50 42.32 13.14
20 25 300 21.46 19.16
50 150 21.46 19.16
100 100 24.78 19.16
200 80 31.36 19.14
400 70 41.49 19.14
Continued on next page
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nominal thickness, chain length, number of side length, effective thickness,
h (σ) N chains l (σ) heff (σ)
28 25 400 20.82 27.15
50 200 20.82 27.15
100 150 25.49 27.16
200 120 32.25 27.14
400 100 41.64 27.14
40 100 200 24.51 39.16
200 160 31.01 39.14
400 120 37.98 39.15
bulk† 25 200 18.05
50 200 22.74
100 100 22.74
200 100 28.66
400 80 36.10
†Bulk simulations were performed in a cube of side length l.
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Appendix C
Phenyl-capping Procedure and Verification
C.1 Phenyl-capping Procedure
1. Wash sample surfaces with toluene and methanol and dry with nitrogen gas.
2. Clean samples in the UV-ozone cleaner for 15–30min to remove residual
organic material.
3. Place samples in a sealed containerwith an openvial of phenyltrimethoxysilane
(PhTMS).
4. Heat at 70 ◦C for 6 h to vapor deposit PhTMS on sample surface.
5. Remove samples and rinse with toluene to remove unreacted PhTMS.
After phenyl-capping was complete, the results were verified using contact
angle measurements of water droplets. Figure C.1 shows the increase in contact
angle after phenyl-capping the samples with PhTMS.
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C.2 Contact Angle Verification
(a) (b)
Figure C.1. Contact angle of water on samples (a) after cleaning the surface with a
UV-ozone cleaner and (b) after phenyl-capping with phenyltrimethoxysilane. The
increased contact angle in (b) indicates that the phenyl-capping procedure was
successful.
Figure C.1a shows the contact angle of a water droplet on a sample after
UV-ozone cleaning. The water droplet readily wets the surface creating a low
contact angle, indicating the hydrophilic nature of the surface. Figure C.1b is taken
after the sample is phenyl-capped. The contact angle is much greater, indicating a
hydrophobic surface and successful phenyl-capping.
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Appendix D
AFM Analysis of AAO Filling
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Figure D.1. AFM images of the surfaces of the AAOmembranes (a) when empty, (b)
with excess PS on the surface, and (c) after rinsing away the excess PS. Each AFM
image is 800 nm across. The height scale is reduced to ±5 nm for (b) to emphasize
the surface flatness.
Atomic force microscopy (AFM) images of the filled and empty AAO mem-
branes were taken before and after polymer infiltration and rinsing (Figure D.1).
The images show less height contrast after infiltration and rinsing compared to
the empty AAO membrane, indicating minimal removal of PS from inside the
pores during rinsing. Several 1D profiles were taken through the centers of several
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Figure D.2. (a) An AFM image with lines representing 1D profiles taken through
the centers of the pores to analyze the difference in height between local maxima and
minima in the AFM images. (b) The depth profile along a 1D slice for empty (green)
and filled and rinsed (blue) AAO membranes. There is a smaller height variation
for the filled and rinsed AAO membranes compared to the empty membranes.
AAO pores in both the empty and filled samples (as shown in Figure D.2) and the
difference in height between local minima (in the pore center) and maxima (at the
AAO surface) were calculated.
Analysis of the cross-section depth profiles in Figure D.2b show that the
AFM tip can penetrate further into the pores in the empty membranes than in the
filled membranes. In the empty membranes the depth is limited by the tip size
while in the filled membranes the depth is limited by the polymer in the pore. The
distribution of pore depths in Figure D.3 confirms that the measured pore depths
in the filled and rinsed AAO membranes is consistently less than the pore depths
measured for the empty pores. This confirms that the AAO pores are infiltrated
185
0 10 20 30 40
pore depth [nm]
0
5
10
15
20
25
nu
m
be
r o
f p
or
es
filled and rinsed
empty
Figure D.3. Histogram showing the distribution of measured pore depths for
empty (green) AAO membranes and filled and rinsed (blue) AAO membranes. The
measured pore depth in the filled and rinsed AAO membranes is much less than in
the empty membranes.
with polymer and that rinsing away the excess polymer removes a minimal amount
of polymer from inside the pore.
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Appendix E
Additional ERD Diffusion Profiles
E.1 100 kgmol−1 dPS into 40-nm AAO Pores
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Figure E.1. ERD data and diffusion profiles for 100 kgmol−1 dPS into bulk PS and
40-nm AAO pores at several annealing times and temperatures.
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Appendix F
Channel Template Fabrication Procedure
The procedure below was developed by Dr. Daniel Sanders and his research team
at IBM Research – Almaden in June 2016. The procedure is performed on a silicon
wafer with a thickness of 725 ± 20µm and a 1µm thermal oxide.
Stack fabrication:
1. Coatwaferwith 63 nmDUV42P anti-reflective coating (Brewer Science; 248-nm
Bottom Anti-Reflective Coating (BARC))
2. Coat wafers with 380 nm KRF-M108Y photoresist (JSR; 248-nm photoresist)
Lithography:
3. Pattern 200 nm half-pitch L/S features (400 nm pitch) on ASML PAS5500/300
(248-nm lithography stepper) using University of Pennsylvania supplied full-
field grating reticle.
4. Post-Exposure Bake (PEB)
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5. Develop photoresist in OPD7262 (Fujifilm; 2.38% (0.26N) TMAH) to produce
photoresist trenches
Etch transfer the resist trench pattern into stack:
6. Open BARC: Dry etch ARC open on PlasmaTherm Versaline etcher using a
combination of CF4 and O2
7. Etch oxide: Dry etch pattern into thermal oxide in Lam 4520XL etcher with a
C4F8 + Ar + N2 + O2 etch (target 420 nm)
Strip and clean to produce clean oxide trenches:
8. Dry strip photoresist with a high pressure O2 etch in Lam 4520XL
9. Strip in hot 1-methyl-2-pyrrolidone (NMP)
10. Dry etch ARC with a high pressure O2 etch in Lam 4520XL
11. Strip in EKC265 etch residue remover (DuPont)
12. Dry etch any remaining organics with a high pressure O2 etch in Lam 4520XL
Atomic layer deposition of alumina to shrink trench dimensions to target:
13. Atomic layer depositin of 70 nm of Al2O3 at 250 ◦C, targeting a final critical
dimension (channel width) of ∼30–35 nm (∼6 h on Ultratech Fĳi200 ALD)
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Figure F.1. A cross-sectional SEM image of the fabricated channel templates.
Courtesy of IBM Research – Almaden, June 2016.
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Appendix G
SANS Contrast Matching of AAOMembranes
G.1 Introduction
The scattering length density (SLD) of anodic aluminum oxide (AAO) membranes
was determined using small angle neutron scattering (SANS) and the zero average
contrast technique.1 The AAO templates were immersed in blends of deuterated
and hydrogenated water (D2O and H2O) and measured using SANS to determine
the D2O/H2O composition with the minimal total scattering. The average SLD
of the blend with minimal total scattering has the same average SLD as the AAO
membrane. From the SLD we were also able to calculate the average mass density
of the AAO membranes for use in substrate stopping power calculations for ERD
(Chapter 4).
192
G.2 Methods
G.2.1 Materials
Anodic aluminum oxide (AAO) membranes were purchased from InRedox (Long-
mont, CO), with nominal pore diameters of 40 nm. The AAO membranes were
approximately 10mm in diameter and 100µm thick and were characterized using
scanning electron microscopy (SEM). More information on the AAO characteriza-
tion can be found in Chapter 4 and Appendix D. Deuterated and hydrogenated
water (D2O and H2O) were supplied by the National Institute for Standards and
Technology (NIST) Center for Neutron Research (NCNR).
G.2.2 Sample Preparation
AAO membranes were cleaned with toluene and methanol and allowed to dry
before and after measurements but were otherwise left untreated. Blends of D2O
and H2O were mixed at a variety of compositions, ranging from 100 vol.% D2O
to 100 vol.% H2O. The scattering length densities of each blend were calculated
using an online tool provided by the National Institute of Standards and Technology
(NIST) Center for Neutron Research.2
The AAO membranes and water blends were measured in fluid cells with
quartz windows and a 1mm internal thickness. The water blend readily wet the
AAO surface and pore interiors and the fluid cells were agitated prior to measuring
to ensure removal of air bubbles.
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G.2.3 SANSMeasurements
SANS measurements were made on the NGB 30m SANS beamline at the Center
for High Resolution Neutron Scattering (CHRNS) at the NIST Center for Neutron
Research (NCNR) in Gaithersburg, MD.3 Three sample to detector distances of 1.33,
4, and 13.17m were used with a neutron wavelength of 6Å to measure a q-range
of 0.0035–0.1Å−1. Scattering patterns were collected for 5–30min depending on
the detector distance and sample contrast. Additional samples, including empty
fluid cells, pure D2O, and pure H2O were measured to quantify and remove the
background scattering.
G.2.4 Data Reduction
The raw SANS patterns were reduced to 1D absolute intensity patterns using the
SANS Data Reduction and Analysis software developed for Igor Pro by the NCNR.4
The data was reduced using a circular average and the three detector distances were
combined.
To calculate the total scattering intensity the incoherent background was first
subtracted from the 1D reduced scattering pattern and the intensities from the 1D
I(q) scattering patterns were summed to get the total scattering intensity,
√
Itot. Next,
√
Itot was plotted as a function of xD2O the volume fraction of D2O in the water blend.
A linear fit was applied to the data to determine xD2O when
√
Itot  0. Using xD2O
we can calculate the average SLD of the AAO membrane.
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Figure G.1. The square root of the total scattering intensity,
√
Itot, as a function of
D2O volume fraction, xD2O.
√
Itot  0 for xD2O  0.729, indicating a scattering length
density of 4.507 × 10−4 nm−2 for the AAO membrane.
G.3 Results
Figure G.1 plots
√
Itot, as a function of xD2O. The data is fit with a line and the
volume fraction of D2O when
√
I  0 is determined to be 0.729. Based on the NIST
SLD calculator, this volume fraction of D2O in H2O corresponds to a scattering
length density of 4.507 × 10−4 nm−2, similar to other SLD measurements of AAO.1
This is the average scattering length density of the AAO membrane. Future neutron
scattering experiments can use deuterated and hydrogenated polystyrene blends to
achieve this polymer scattering length density and and greatly reduce the scattering
from the AAO membrane.
We can also use this scattering length density to calculate the average mass
density of the AAO membrane. The zero average contrast SLD corresponds to
alumina with a density of 3.14 g cm−3. This density is close to that of bulk alumina
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(3.95 g cm−3) and it is not unreasonable to believe the fabrication method of the
AAO membranes would result in a slightly lower density than bulk alumina. This
density is used in elastic recoil detection (ERD) experiments when calculating the
substrate stopping power (Chapter 4).
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